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ABSTRACT
This investigation is concerned with the characterisation of actual welded samples of
P91 - a 9%Cr heat resisting steel that is widely used for pressure vessels in the power
generation industry. Although the creep resistance of the normalised and tempered base
steel is excellent, weld fabrication compromises creep performance because of degraded
properties in the heat affected zone (HAZ). In order to elucidate the structure and
properties of the HAZ, dilatometer heat treatments and simulations of HAZ sub-zones
were carried out using both a dilatometer and a Gleeble thermo-mechanical simulator.
The simulated samples were used to study the microstructure of the HAZ sub-zones and
to subject them to creep testing.

In actual welding, post weld heat treatment (PWHT) is used to produce a uniform
tempered martensite structure across the weldment, making it difficult to distinguish the
HAZ sub-zones and the boundary with the unaffected base plate.

Nevertheless,

hardness profiles across the HAZ and measurements within the sub-zones confirmed
that softening occurs below the base plate hardness after PWHT in the intercritical (IC)
and grain refined (GR) sub-zones. The creep fracture times of cross-weld creep samples
were also lower than parent metal because of type IV fracture in these HAZ sub-zones.

Dilatometric investigations shed new light on the sensitivity of the properties of the
martensite to the thermal cycle associated with austenitisation and subsequent cooling.
The AC1 and AC3 temperatures were increased with increasing heating rate and MS was
lower for a lower heating rate. MS was found to vary from 420°C to 370°C and the
hardness of the martensite from 365 to 480 HV, depending on the thermal cycle. This
varialibilty is due to the extent of carbide solution. There was a marked increase in
hardness with increasing peak temperature of the thermal cycle, but subsequent
simulated PWHT substantially decreased the hardness and the hardness range of the
simulated sub-zones.

An excellent correlation was found between the structures and properties of the HAZ of
the actual welds and the simulated sub-zones produced by both dilatometric and Gleeble

v
techniques. It was established that the heat input (1.6 or 2.6 kJ/mm) had only a minor
effect on the microstructure and hardness of Gleeble simulated sub-zone samples. TEM
results confirmed the presence of coarse Cr-rich, M23C6 and fine V-and Nb-rich, MC in
all simulated sub-zones, before and after PWHT, except for the as simulated GCHAZ in
which carbide solution occurred.

Accelerated creep testing showed rapid creep failure of both AR and simulated IC and
GR sub-zone samples for testing at higher temperatures in the range of 630°C to 670°C
and at a higher stress, 100 MPa compared to 80 MPa. Failure was associated with high
creep ductility and the phenomenon of rehardening in the region adjacent to the neck
due to rapid work hardening prior to fracture. This type of failure has been labelled
Mode 1 and is characterised structurally by grains and creep cavities that are strongly
elongated parallel to the tensile axis. Another characteristic type of creep failure, Mode
2, exhibits a low creep ductility and transversely aligned creep cavities. This mode was
found in notched AR samples and notched simulated GCHAZ samples tested at 630°C
and a stress at 80 MPa.

However, for both Mode 1 and 2 failures, non-metallic

inclusions were found to play a significant role in the nucleation of creep cracking and
cavition. The research work identified that the GRHAZ is the most creep susceptible
HAZ sub-zone because the thermal cycle results in carbide coarsening, reduced
precipitation and solid solution strengthening and a high γ prior grain boundary surface
area/unit volume. The creep resistance was most marked for the simulated GCHAZ
samples and this property relates strongly to the hardness of the P91 steel prior to creep
testing.

The important role of non-metallic inclusions in the nucleation of creep cracking and
cavitation indicates that control of the type, size distribution and content of inclusions
should have a significant effect on the creep life of P91 steel.
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M 23 Cr 6 (M = Cr, Fe, Mo) (e.g. particle 1 in (b’)); and finer carbides are rich in V, Cr, and
Nb (eg. particles 2, 3 and 4 in (b’)).

Figure 4.33: (a) and (b): Carbon extraction replicas of simulated GRHAZ for heat input
of 1.6 kJ/mm. Most of the carbides contain Cr, Fe and Mo. The coarse carbides are mainly
M 23 C 6 (M=Cr, Fe, Mo) (e.g. particle 3 in (b)). Finer carbides consist of V, Cr, and Nb (e.g.
particles 1, 2 and 4 in (b)). (a’) and (b’): Carbon extraction replicas of the simulated
GRHAZ after PWHT at 760ºC. Coarse carbides are M 23 C 6 (M=Cr, Fe, Mo) (e.g. particles
3, 5 and 6) in (b’) and fine carbides containing of V, Cr, and Nb (e.g. particles 1, 2 and 4 in
(b’)) are present.

Figure 4.34: (a) and (b): Carbon extraction replicas of simulated GCHAZ for heat input
of 1.6 kJ/mm. Coarse carbides have dissolved in austenite but fine carbides have formed
by autotempering on subsequent cooling (b). (a’) and (b’): Carbon extraction replicas of
the simulated GCHAZ after PWHT at 760ºC. Note coarse carbides in (b’), (Cr, Fe, Mo) 23
C 6 (e.g particles 1, 2 and 4) and finer carbides principally containing V and Nb.
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Figure 4.35: Thin foil micrographs of simulated ICHAZ after PWHT corresponding to a
heat input of 1.6 kJ/mm. The magnifications are: (a) 25K; and (b) and (c), 50K; and (d)
and (e), 100K.

Figure 4.36: Thin foil micrographs of simulated GRHAZ after PWHT corresponding to a
heat input of 1.6 kJ/mm. The magnifications are: (a) 25K; and (b) and (c), 50K; and (d)
and (e), 100K.

Figure 4.37: Thin foil micrographs of simulated GCHAZ after PWHT corresponding to a
heat input of 1.6 kJ/mm. The magnifications are: (a) 25K; and (b) and (c), 50K; and (d)
and (e), 100K.

Figure 4.38: Hardness profiles for simulated ICHAZ and simulated ICHAZ after PWHT
(1.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the simulated
zone where the thermocouple was placed.

Figure 4.39: Hardness profiles for simulated GRHAZ and simulated GRHAZ after
PWHT (1.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the
simulated zone where the thermocouple was placed.

Figure 4.40: Hardness profiles for simulated GCHAZ and simulated GCHAZ after
PWHT (1.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the
simulated zone where the thermocouple was placed.

Figure 4.41:

Microstructures of simulated sub-zones: (a) simulated IC (868ºC), (b) simulated

GR (1008ºC), (c) simulated GC (1367ºC) for a heat input of 2.6 kJ/mm. (a’), (b’) and (c’) are for
thermal cycle for simulation + PWHT. Marker is 10µm.
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Figure 4.42: (a) and (b): Carbon extraction replicas of simulated ICHAZ for heat input of
2.6 kJ/mm. Most of the alloy carbide particles contain Cr, Fe and Mo. The coarse carbides
are mainly chromium-rich carbides M 23 C 6 (M=Cr, Fe, Mo) (e.g. particle 2 in (b)). Finer
carbides consist of V, Cr carbides (e.g. particle 1 in (b)). (a’) and (b’): Carbon extraction
replicas of the simulated ICHAZ after PWHT at 760ºC. A mixture of coarse and fine
carbides is present. The coarse carbides are chromium-rich carbides M 23 C 6 (e.g. particles
2, 3 and 5 in (b’)) and the finer carbides contain V, Cr, and Nb (e.g. particles 1, 4, 6 and 7
in (b’)).
Figure 4.43: (a) and (b): Carbon extraction replicas of simulated GRHAZ for heat input
of 2.6 kJ/mm. Most of the alloy carbide particles contain Cr, Fe and Mo. The coarse
carbides are mainly chromium-rich carbides M 23 C 6 (e.g. particles 4, 6 and 7 in (b)) and the
finer carbides contain V, Nb, and Cr (e.g. particles 1, 2, 3 and 5 in (b). (a’) and (b’):
Carbon extraction replicas of the simulated GRHAZ after PWHT at 760ºC.

Coarse

carbides are mainly chromium-rich carbides (e.g. particle 1 in (b’)) and finer carbides
principally containing V and Nb (e.g. particles 2 and 3 in (b’)).
Figure 4.44: (a) and (b): Carbon extraction replicas of simulated GCHAZ for heat input
of 2.6 kJ/mm. Coarse carbides have dissolved in austenite but fine carbides are formed by
autotempering on subsequent cooling (b). (a’) and (b’): Carbon extraction replicas of the
simulated GCHAZ after PWHT at 760ºC.

Coarser carbides are chromium-rich (e.g.

particles 1, 2, 5 and 6 in (b’)) and finer carbides principally containing V and Nb (e.g.
particles 3, 4 and 7 in (b’).
Figure 4.45: Thin foil micrographs of simulated ICHAZ after PWHT corresponding to a
heat input of 2.6 kJ/mm. The magnifications are: (a) 25K; and (b) and (c), 50K; and (d)
and (e), 100K.
Figure 4.46: Thin foil micrographs of simulated GRHAZ after PWHT corresponding to a
heat input of 2.6 kJ/mm. The magnifications are: (a) 25K; and (b) and (c), 50K; and (d)
and (e), 100K.
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Figure 4.47: Thin foil micrographs of simulated GCHAZ after PWHT corresponding to a
heat input of 2.6 kJ/mm. The magnifications are: (a) 25K; and (b) and (c), 50K; and (d)
and (e), 100K.
Figure 4.48: Hardness profiles for simulated ICHAZ and simulated ICHAZ after PWHT
(2.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the simulated
zone where the thermocouple was placed.
Figure 4.49: Hardness profiles for simulated GRHAZ and simulated GRHAZ after
PWHT (2.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the
simulated zone where the thermocouple was placed.
Figure 4.50: Hardness profiles for simulated GCHAZ and simulated GCHAZ after
PWHT (2.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the
simulated zone where the thermocouple was placed.
Figure 4.51: Time to rupture graph for as received P91 (un-notched and notched test
pieces) at 80 MPa and 100 MPa. Note that the notched specimen for 80 MPa did not
rupture within 1500 hr and the test was interrupted.
Figure 4.52: Photographs of fractured un-notched test pieces after creep testing at 80
MPa. (a) 630°C, fracture time 5000 h; (b) 650°C, fracture time 927 h; (c) 660°C, fracture
time 248 h; and (d) 670°C, fracture time 126 h.
Figure 4.53: Photographs of fractured un-notched test pieces after creep testing 100 MPa.
(a) 630°C, fracture time 566 h; (b) 650°C, fracture time 200 h; (c) 660°C, fracture time 94
h; and (d) 670°C, fracture time 47 h.
Figure 4.54: Photographs of notched test pieces after creep testing at a test temperature of
630°C. (a) 80 MPa, un-ruptured (b) 100 MPa, fracture time 2988 h.
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Figure 4.55:

Microstructures of as received P91 steel after creep testing at a stress 80 MPa and a

test temperature 630°C; (a) and (b) unetched section of fractured surface. Marker indicates 380 µm
(a) and 50 µm in (b). (c), (d), and (e) show creep cavities and cracking close to the fracture surface.
Marker indicates 10 µm.

Figure 4.56: Microstructures of as received P91 steel after creep testing at a stress 80
MPa and test temperature 650°C. (a) and (b) unetched section of fractured surface. Marker
indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and cracking
close to the fracture surface. Marker indicates 10 µm.
Figure 4.57: Microstructures of as received P91 steel after creep testing at a stress 80
MPa and test temperature 660°C. (a) and (b) unetched section of fractured surface. Marker
indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and cracking
close to the fracture surface. Marker indicates 10 µm.
Figure 4.58: Microstructures of as received P91 steel after creep testing at a stress 80
MPa and test temperature 670°C. (a) and (b) unetched section of fractured surface. Marker
indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and cracking
close to the fracture surface. Marker indicates 10 µm.
Figure 4.59: Microstructures of as received P91 steel after creep testing at a stress 100
MPa and test temperature 630°C. (a) and (b) unetched section of fractured surface. Marker
indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and cracking
close to the fracture surface. Marker indicates 50 µm (c) and 10 µm in (d) and (e).
Figure 4.60: Microstructures of as received P91 steel after creep testing at a stress 100
MPa and test temperature 650°C. (a) and (b) unetched section of fractured surface. Marker
indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and cracking
close to the fracture surface. Marker indicates 10 µm.
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Figure 4.61: Microstructures of as received P91 steel after creep testing at a stress 100
MPa and test temperature 660°C. (a) and (b) unetched section of fractured surface. Marker
indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and cracking
close to the fracture surface. Marker indicates 10 µm.
Figure 4.62: Microstructures of as received P91 steel after creep testing at a stress 100
MPa and test temperature 670°C. (a) and (b) unetched section of fractured surface. Marker
indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and cracking
close to the fracture surface. Marker indicates 10 µm.
Figure 4.63: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 630°C and a stress of 80 MPa. Magnification marker: (a) 1200 µm, (b) 23 µm,
(c) 9 µm and (d) 5 µm.
Figure 4.64: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 650°C and a stress of 80 MPa. Magnification marker: (a) 1200 µm, (b) 23 µm,
(c) 9 µm and (d) 5 µm.
Figure 4.65: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 660°C and a stress of 80 MPa. Micrographs show deep voids and plastic flow.
Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm bar and (d) 5 µm.
Figure 4.66: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 670°C and a stress of 80 MPa.

Micrographs show large and small void.

Extensive void formation evident. Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9
µm and (d) 5 µm.
Figure 4.67: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 630°C and a stress of 100 MPa. Micrographs show large and small voids and
also plastic flow. Magnification marker: (a) 1200 µm, (b) 23 µm (c), 9 µm and (d) 5 µm.
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Figure 4.68: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 650°C and a stress of 100 MPa. Micrographs show large and small voids and
also plastic flow. Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5 µm.
Figure 4.69: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 660°C and a stress of 100 MPa. Micrographs show large and small voids and
also plastic flow. Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5 µm.
Note: The diameters of the carbides on the surface are about 0.3-0.4 µm and consistent with
carbides shown in Figure 4.2.

Figure 4.70: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 670°C and a stress of 100 MPa. Micrographs show large and small voids.
Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5 µm.

Figure 4.71: Hardness profiles of as received P91 after creep testing at 630°C, 650°C,
660°C and 670°C at a stress of 80 MPa.

Figure 4.72: Hardness profiles of as received P91 after creep testing at 630°C, 650°C,
660°C and 670°C at a stress of 100 MPa.
Figure 4.73: Time to rupture graph for P91 as received (AR) material (notched and unnotched test pieces) and and simulated sub-zones HAZ for heat inputs of 1.6 and 2.6 kJ/mm
(notched test pieces). Creep stress = 100 MPa.
Figure 4.74: Photographs of fractured creep samples of simulated ICHAZ (a) and
GRHAZ (b) which show that fracture occurred in the notched region on creep testing. For
the GCHAZ sample (c) fracture occurred outside the notch. The structures were simulated
based on 1.6 kJ/mm heat input.
Figure 4.75: Photographs of fractured creep samples of simulated ICHAZ (a) and
GRHAZ (b) which show that fracture occurred in the notched region on creep testing. For
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the GCHAZ sample (c) fracture occurred outside the notch. The structures were simulated
based on 2.6 kJ/mm heat input.
Figure 4.76: Microstructures of simulated ICHAZ after creep testing. Unetched: (a) 380
µm and (b) 100 µm; and etched: (c) 50 µm, (d) and (e) 10 µm. The structures were
simulated based on 1.6 kJ/mm heat input.
Figure 4.77: Microstructures of simulated GRHAZ after creep testing. Unetched: (a) 380
µm; and etched: (b) 50 µm, (c), (d) and (e) 10 µm. The structures were simulated based on
1.6 kJ/mm heat input.

Figure 4.78: Microstructures of simulated GCHAZ near the creep fractured area (GR/IC
shoulder zone). Unetched: (a) 380 µm; and etched: (b) 50 µm and (c ), (d) and (e) 10 µm.
The structures were simulated based on 1.6 kJ/mm heat input

Figure 4.79: Microstructures of simulated GCHAZ in notched GC zone after creep
testing. Unetched: (a) 50 µm; and etched: (b), (c), (d) and (e) 10 µm. The structures were
simulated based on 1.6 kJ/mm heat input.

Figure 4.80: Microstructures of simulated GCHAZ at other GR/IC region (necked but
unfractured). Unetched: (a) 380 µm; and etched: (b), (c ), (d) and (e) 10 µm. The
structures were simulated based on 1.6 kJ/mm heat input.

Figure 4.81: Microstructures of simulated ICHAZ after creep testing. Unetched: (a) 380
µm; and (b) 50 µm and etched: (c), (d) and (e) 10 µm. The structures were simulated based
on 2.6 kJ/mm heat input.

Figure 4.82: Microstructures of simulated GRHAZ after creep testing. Unetched: (a) 380
µm and (b) 100 µm; and etched: (c) 50 µm, (d) and (e) 10 µm. The structures were
simulated based on 2.6 kJ/mm heat input.
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Figure 4.83: Microstructures of simulated GCHAZ near creep fractured area (GR/IC
shoulder zone). Unetched: (a) 380 µm; and etched: (b) 20 µm, (c), (d) and (e) 10 µm. The
structures were simulated based on 2.6 kJ/mm heat input.

Figure 4.84: Microstructures of simulated GCHAZ after creep testing at notched GC
zone. This region did not fracture but dispersed creep cavities are present. Unetched: (a)
100 µm; and etched: (b), (c), (d) and (e) 10 µm. The structures were simulated based on
2.6 kJ/mm heat input.

Figure 4.85: Microstructures of simulated GCHAZ samples after creep testing.
Micrographs from other GR/IC region (necked and cracked, but unfractured). Unetched:
(a) 380 µm; and etched: (b) to (e) 10 µm. The structures were simulated based on 2.6
kJ/mm heat input.

Figure 4.86: SEM micrographs of fractured simulated IC + PWHT, notched sample, (heat
input 1.6 kJ/mm), after creep testing at 630°C and a stress of 100 MPa. Magnification
marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5 µm.

Figure 4.87: SEM micrographs of fractured simulated GR + PWHT, notched sample,
(heat input 1.6 kJ/mm), after creep testing at 630°C and a stress of 100 MPa. Micrographs
show large and small voids. Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and
(d) 5 µm.

Figure 4.88: SEM micrographs of fractured simulated GC + PWHT, notched sample,
(heat input 1.6 kJ/mm), after creep testing at 630°C and a stress of 100 MPa. Test piece
fractured outside notched area. Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm
and (d) 5 µm.
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Figure 4.89: SEM micrographs of fractured simulated IC + PWHT, notched sample, (heat
input of 2.6 kJ/mm), after creep testing at 630°C and a stress of 100 MPa. Marker
magnification: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5 µm.

Figure 4.90: SEM micrographs of fractured simulated GR + PWHT, notched sample,
(heat input of 2.6 kJ/mm), after creep testing at 630°C and a stress of 100 MPa.
Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5 µm.

Figure 4.91: SEM micrographs of fractured simulated GC + PWHT, notched sample,
(heat input of 2.6 kJ/mm), after creep testing at 630°C and a stress of 100 MPa. Test piece
fractured outside notched area. Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm
and (d) 5 µm.

Figure 4.92: Hardness profiles in fractured creep specimens of simulated IC+PWHT and
GR+PWHT (heat input of 1.6kJ/mm). Creep testing was conducted at 630°C and 100 MPa.

Figure 4.93: Hardness profile in fractured creep specimens of simulated GC+PWHT
(heat input of 1.6kJ/mm). Creep testing was conducted at 630°C and 100 MPa.

Figure 4.94: Hardness of simulated IC+PWHT and GR+PWHT (heat input of 2.6
kJ/mm). Creep testing was conducted at 630°C and 100 MPa.

Figure 4.95: Hardness profiles in fractured creep specimens of simulated GC+PWHT
(heat input of 2.6 kJ/mm). Creep testing was conducted at 630°C and 100 MPa.

Figure 5.1:

Comparisons of microstructures of simulated HAZ sub-zones followed by

PWHT for HI of 1.6 kJ/mm: (a) ICHAZ, (b) GRHAZ, (c) GCHAZ; and for HI of 2.6
kJ/mm: (a’) ICHAZ, (b’) GRHAZ, (c’) GCHAZ. Marker is 10µm
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Figure 5.2:

Relative contents of V + Nb; Cr + Mo and Fe + Mn in carbides observed in

as received P91 (normalised condition); and a Gleeble simulated HAZ sub-zones before
and after PWHT (1.6 and 2.6 kJ/mm).

Figure 5.3: Maximum hardness of ICHAZ, GRHAZ and GCHAZ sub-zones for
simulated heat inputs of 1.6 and 2.6 kJ/mm.
Figure 5.4:

Comparison of simulated and actual weld structures of P91 steel

corresponding to a HI of 1.6 kJ/mm, after PWHT. Marker is 10µm.

Figure 5.5:

Creep ductility at 80 MPa for un-notched AR samples as a function of time

to creep failure.

Figure 5.6:

Creep ductility at 100 MPa for un-notched AR samples as a function of time

to creep failure.

Figure 5.7:

Extension versus time plot for AR steel for various creep test temperatures

and a stress of 80 MPa. Note: the creep curve for 650°C was not recorded.

Figure 5.8:

Extension versus time plot for AR steel for various creep test temperatures

and a stress of 100 MPa.

Figure 5.9:

A plot of ln έ ss (s-1) vs 1/T (K-1) at stresses of 100 MPa and 80 MPa. The

gradient of this plot is –(Q c /R), where Q c is the activation energy for creep and R is the
universal gas constant (8.31 Jmol-1K-1).
Figure 5.10: A plot of ln έ ss (s-1) vs ln (stress).
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Figure 5.11: (a) Creep rupture data for 9%Cr steel at 650ºC (after Abe, F., et al., 2004).
(b) Creep rupture properties of Grade 91 steel (after Cipolla et al., 2007). Present results
are shown as filled circles.
Figure 5.12: Schematic diagram showing the difference in creep strength of parent P91
and cross weld samples (Type IV fracture) at temperatures of 600ºC and 650ºC (after Allen,
D., 2007).

Figure 5.13: Creep ductility at 100 MPa for notched simulated IC and GR samples (1.6
and 2.6 kJ/mm) as a function of creep failure. In each case failure occurred in the notched
region.

Figure 5.14: Strain hardening and strain softening regions of fractured creep samples of
the AR P91 steel.

Figure 5.15: Creep curves: time to fracture against elongation for each of the simulated
HAZ sub-zones (1.6 kJ/mm). Test temperature, 630ºC; stress, 100 MPa; notched test
pieces. Note:GR sub-zone sample shows essentially no secondary (SS) creep regime. The
tertiary region dominates and the structure is creep “soft”. The GC and IC sub-zones
samples show a secondary regime.

Figure 5.16: Creep curves: time to fracture against elongation for each of the simulated
HAZ sub-zones (2.6 kJ/mm). Test temperature, 630ºC; stress, 100 MPa; notched test
pieces. Note: Hardly any steady state (secondary) creep regime is evident for the GR and
IC. The GR and IC microstructures are unstable with respect to creep resistance i.e. they
are creep “soft”.

Figure 5.17: The creep resistance of simulated HAZ sub-zones plotted against the
hardness of the structure prior to creep testing.
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1.

INTRODUCTION

9-12 %Cr ferritic creep resisting steels have been developed worldwide over the last two
decades for elevated temperature service for nuclear and fossil energy applications
(Cunningham, et al., 1981; Bodine, et al.; 1981, Nisbett, 1981; Sanderson, 1981).
The 9–12%Cr ferritic resisting steels are commonly used in the temperature range from
540°C to 700°C. In this temperature range the engineering design requirements will be
dominated by the creep performance behaviour of the material compared to short term
properties such as elevated–temperature tensile strength.

P91 creep resisting steel pipe was used in this study. It is a modified 9% Cr-1%Mo creep
resisting steel that provides significantly higher design stress values than A335 P9. The
modification consists of addition of vanadium, niobium and nitrogen and narrowing of
the maximum compositional ranges of carbon, chromium, silicon, molybdenum,
phosphorus, and sulphur. This type of P91 creep resisting steel is being increasingly used
for elevated temperature service in the power generating and process industries for
components such as headers, superheaters and reheaters, because of its attractive thermal
properties and enhanced creep and oxidation resistance (Bendik, et al. 1992; Cerjak, et
al., 1995).

Mechanical properties of P91 creep resisting steel, and similar grades conforming to
ASTM A335, are a yield strength of 415 MPa (minimum), tensile strength of 585 MPa
(minimum), longitudinal elongation of 20% (minimum) and a maximum hardness of HB
250 at room temperature (Vallourec & Mannesman Tubes, 1999). The minimum creep
rupture strength at 625°C is 68 MPa.

Generally, P91 creep resisting steel is produced by normalising and tempering. The
normalising temperature is in the range of 1040°C to 1080°C and tempering temperature
is in the range of 750°C to 780°C. The microstructure after tempering is tempered
martensite with precipitates of carbides, M23C6 and vanadium/niobium rich carbo-nitride
of the type MX (M=V or Nb and X = C or N) (Maruyama et al., 2001; Yoshino et al.,
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2005). The presence of carbide precipitates improves creep rupture strength due to
precipitation hardening.

Although P91steel has a high strength and creep resistance, it has been found that the
creep properties of the heat affected zone (HAZ) of weld joints of these steels are inferior
to those of both the base metal and weld metal. This is due to the problem of Type IV
cracking, that is, fracture in the intercritical HAZ (ICHAZ) and grain refined HAZ
(GRHAZ) regions during high temperature service or creep testing (Ellis, et al., 1998;
Wu, R. et al., 2004).

P91 steel is a high strength alloy that generally transforms completely to martensite
during air cooling. Carbon, chromium and molybdenum increase hardenability and lower
the Ms temperature. It is therefore impossible to avoid its formation during the welding
process, with the attendant risk of hydrogen assisted cold cracking (HACC). The control
of the thermal cycle during welding and the post weld heat treatment is therefore critical
(Santella et al., 2002) to avoid cracking.

Since type IV cracking is prominent in P91 steel, studies have been carried out on the
simulated ICHAZ or GRHAZ using Gleeble thermo-mechanical simulation or heattreatment furnaces (Prader, et al., 1995; Cerjak, et al., 1995; Wu, et al., 2004; Abd. El.
Azim, et al., 2005). Microscopy, hardness and creep testing were used to characterise
properties. However, limited research has been carried out on each individual simulated
sub-zone of the HAZ structure.

Therefore, this research focuses on individual sub-zones of the HAZ, and the effect of
simulated PWHT on the simulated sub-zones. Microstructural analyses and hardness
measurements were carried out on specimens with simulated HAZ sub-zones structures
before and after PWHT and also for a series of dilatometer heat treatments designed to
characterise structural evolution in the base plate under both normalising/tempering and
weld thermal cycling. Creep tests were carried out on simulated sub-zones subjected to
PWHT, consistent with thermal profiles of low heat input (1.6 kJ/mm) and high heat
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input (2.6 kJ/mm) welding conditions followed by PWHT. Microscopic analysis and
hardness testing were also carried out on the specimens after creep testing.

This research work is divided into four sections. The first was designed to establish the
thermal cycle associated with actual welding. The thermal cycles then were used to
simulate sub-zones of the HAZ structures for the different heat inputs. Microscopy and
hardness were used to characterise the weldment microstructures of the steel.

Secondly, dilatometry experiments were carried out to determine the microstructural
evolution and properties of the base P91 steel. The P91 steel was subjected to a series of
experiments, such as determination of the continuous cooling transformation (CCT)
diagram, and the continuous heating transformation (CHT) diagram. Also, different heat
cycles involving systematic variations in heating rate, peak temperature, holding time and
cooling rate were used to test the response of the steel in terms of structure and hardness.
Microscopy and Vickers hardness testing were used to characterise each of these
experiments.

Thirdly, based on microstructural evolution during heat treatment, the peak temperatures
required to generate specific sub-zones were identified. The thermal cycle from real
welding was also used to simulate HAZ sub-zones using a Gleeble 3500 thermomechanical simulator. Simulated sub-zones of the HAZ based on heat inputs of 1.6
kJ/mm and 2.6 kJ/mm were produced.

Microscopy and hardness were used to

characterise as simulated sub-zones of the HAZ structures and also the simulated subzones of the HAZ after simulated PWHT. Transmission electron microscopy was used to
analyse the evolution of the carbide (or carbonitride) structure of the different sub-zones
of the HAZ structures before and after PWHT.

Fourth, post weld heat treated simulated sub-zones of the HAZ structures were subjected
to creep testing. Microscopy and hardness measurements were used to characterise their
properties after creep testing.

The creep performances of each simulated sub-zone

sample were compared and benchmarked against the creep properties of the as received
(AR) base plate.
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Lastly, comparisons were made between the structures and hardnesses of the sub-zones of
the HAZ structures of the real welded samples, the simulated HAZ structures and the
simulated structures after creep testing.
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CHAPTER 2

LITERATURE REVIEW
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2.1 MATERIALS FOR ELEVATED TEMPERATURE
2.1.1 Introduction
Steels containing 9-12%Cr ferritic steels for elevated temperature have been developed
for more than 30 years. However, extensive research and development on the materials
are still on-going with the objective of extending the operating temperature up to 600°C
or higher.

In 1974, a task force was authorised by the United State Department of Energy to
conduct studies to select materials for a Liquid Metal fast Breeder Reactor Programme.
Combustion Engineering together with Oak Ridge National Laboratory were engaged
and assigned the task of the development of an improved 9%Cr-1%Mo ferritic alloy.
The alloy was subsequently incorporated in an ASTM specification under the
designation P91 steel (Cunningham et al., 1981; Bodine et al., 1981; Ennis et al., 1981;
Czyrska-Filemonowicz, 2002). Sanderson (1981) studied the mechanical properties and
metallurgy of 9%Cr 1%Mo Steel and Murase (1981) and co-workers investigated the
properties of the modified 9%Cr 1%Mo steel, Tempaloy F-9. Since then, P91 steel has
been manufactured widely to a number of international standards as shown in Table 2.0.
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Table 2.0:

International Specifications 9%Cr-1Mo Ferritic Steel (Metrode
Welding Consumables for P91 Steels for the Power Generation
Industry’, 1999; Leon Rosenbrock, 2001).

Country

Standard

Grade

USA

ASTM A213

T91 (seamless tubing)

USA

ASTM A335

P91 (seamless pipe)

USA

ASME SA 182

F91 (forged fitting)

USA

ASME SA 217

C12A (casting)

USA

ASME SA 234

WP91 (wrought piping fitting)

USA

ASME SA 336

F91 (forging)

USA

ASME SA 369

FP91 (forged & bored pipe)

USA

ASME SA 387

Gr.97 (plate)

UK

BS 1503

Gr 91 (forging)

Germany

DIN 17175

X10
CrMoVNb 9 1

Japan
France

HCM-9S
NF A 49213

T U Z 10CDVNb
09-01

Most of the chemical compositions of International Standards are based on the original
ASTM chemical requirements as shown in Table 2.1.
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Table 2.1:

Chemical Composition Range of 9%Cr-1%Mo Ferritic Steel (P91)
According to ASTM Requirement (ASM metal Handbook, Vol 1, 1990).

Element

Composition (wt %)
ASTM A335

Carbon, C

0.08 - 0.12

Manganese, Mn

0.30 - 0.60

Phosphorus, P

0.020 max

Sulphur, S

0.010 max

Silicon, Si

0.20 - 0.50

Chromium, Cr

8.00 – 9.50

Molybdenum, Mo

0.85 – 1.05

Vanadium, V

0.18 – 0.25

Niobium, Nb

0.06 – 0.10

Nitrogen, N

0.03 – 0.07

Aluminium, Al

0.04 max

Nickel, Ni

0.40 max

The material is supplied in the normalised and tempered condition as specified in the
ASME code, which specifies a minimum normalising temperature of 1050°C and a
minimum tempering temperature of 730°C. The purpose of normalising is to obtain a
homogeneous austenitic structure and to dissolve the coarse carbo-nitrides, which form
during hot working.

Air cooling produces transformation to martensite. Research

shows that the optimum normalising temperature is between 1040°C and 1080°C.
Higher temperatures tend to coarsen the grain size and subsequently reduce toughness.
The optimum tempering temperature is between 750°C and 780°C (Leon Rosenbrock,
2001; Vallourec & Mannesman Tubes, 1999). After the normalising and tempering
processes, the material is air-cooled but if material section is thicker, oil quenching or
air/water mist may be needed for cooling.
The microstructure of the material consists of homogeneous martensitic structure.
Tubes tend to have a finer martensitic structure compared to heavier wall pipes.
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2.1.2 Alloy Design
The large concentrations of Cr and Mo (see Table 2.1) and the micro-alloying additions
of V and Nb contribute to a high hardenability through their carbide-forming tendencies
and their strong retarding effect on the kinetics of diffusional transformation of
austenite. Effectively, the steel can be classed as air hardening, despite the fact that the
concentration of carbon, an important element for promoting hardenability and high
strength in martensitic steels, is quite low. The low carbon content is consistent with a
steel design for weldability. However, it should be recognized that the N level is also
relatively high and the combined C and N content typically lies in the range 0.110-0.190
wt%. Therefore, the precipitates that form on tempering, which are important to creep
resistance, are likely to be carbo-nitrides. The limit on Al content is important to ensure
the availability of N for forming these precipitates, rather than AlN.

Taking the effective (or equivalent) C content to be 0.15 wt% (based on C+N), and
assuming that interstitial content dominates in determining the strength and hardness of
untempered martensite, the maximum hardness to be expected is about 435 HV [2].
This quench hardening arises from interstitial solid solution hardening together with the
dislocation substructure generated in the formation of martensite. Hardness increments
will also occur through solid solution hardening by Mn, Si, Cr, Mo, V and Nb. As a
result of auto-tempering or an applied tempering heat treatment, softening will be
retarded initially because of precipitation hardening, including secondary hardening
processes. However, for prolonged tempering and/or service exposure at an elevated
temperature, substantial loss of hardness occurs due to particle coarsening, dislocation
recovery and loss of solid solution hardening.
progressively decreases.

As a result, the creep resistance

12

2.1.3 Effect of Alloying Elements on Modified 9%Cr-1%Mo Ferritic
Steel
Since 1960, many studies have been conducted on the effects of alloying elements on the
creep strength of 9-12%Cr ferritic steels, developing variants of the 9%Cr-1%Mo ferritic
steel given in Table 2.1. Varying and/or adding alloying elements such as chromium,
molybdenum, vanadium, niobium, nitrogen, tungsten and boron to a 9%Cr-1%Mo base
composition has resulted in enhanced high temperature strength. The compositions of
the modified steels T/P92 and T/P911 are shown in Table 2.2 (Ennis et al., 2002).

Table 2.2: Typical Chemical Compositions of Recent Variants of P91 Type steel.

Elements

Chemical Composition (wt %)
ASME Specification
T/P9

T/P91

T/P92

T/P911

Carbon, C

Max. 0.15

0.10

0.124

0.105

Silicon, Si

0.20 – 0.65

0.38

0.02

0.20

Manganese, Mn

0.80 – 1.30

0.46

0.47

0.35

Phosphorus, P

Max. 0.030

0.020

0.011

0.007

Sulphur, S

Max. 0.030

0.002

0.006

0.003

8.5-10.5

8.10

9.07

9.16

Molybdenum, Mo

1.70 – 2.30

0.92

0.46

1.01

Vanadium, V

0.20 – 0.40

0.18

0.19

0.23

Niobium, Nb

0.30 – 0.45

0.073

0.063

0.068

Tungsten, W

-

-

1.78

1.00

Boron, B

-

-

0.003

-

Nitrogen, N

-

0.049

0.043

0.072

Max. 0.30

0.33

0.06

0.07

-

0.034

0.002

-

Chromium, Cr

Nickel, Ni
Aluminium, Al
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A recent review by Masuyama (2001) on the history of power plants and progress in
heat resistant steels summarises the effects of the alloying elements in 9% Cr-12%Cr
ferritic steels on their structures and properties.

Chromium
Chromium is the basic alloying element for heat resistant steel and increased Cr content
improves oxidation and corrosion resistance (Masuyama, 2001). Chromium is a carbide
former and stabiliser in small amounts (approximately 0.5%), but in larger
concentrations (9 % Cr or higher) it increases the oxidation and corrosion resistance of
the steel (Indacochea, 1992).

Although Cr per se does not exhibit a significant effect on creep strength, Cr contents
near 2% and between 9 and 12 % in ferritic steels increase alloy strength. Strength is
reduced for compositions between these two ranges. The reason for this effect is not
well understood (Masuyama, 2001).

Molybdenum, Tungsten and Rhenium
Mo, W and Re elements are effective solid solution strengtheners and have been used
for heat resistant steels.

Molybdenum is a carbide stabiliser and prevents graphitisation. Molybdenum is also
added to suppress temper embrittlement (Chevis, 1997) and in welds it improves weld
metal impact toughness.

Grobner and Hagel (1980) studied the effect of molybdenum on high temperature
properties of 9 % Cr steel and showed that elevated temperature and creep rupture
strengths increased with increasing the molybdenum content.

9Cr-1Mo alloys are

martensitic and are precipitation strengthened by carbides, whereas 9Cr-2Mo and 9Cr 3
Mo alloys receive added benefits from precipitation of Laves phase and solid-solution
strengthening. However the ductility and impact resistance are decreased.
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When Mo and W additions exceed certain limits, δ-ferrite and Laves phase precipitates
can occur and reduce the strength and toughness, respectively. The effect of W on creep
strength is approximately half that of Mo, but the combination of Mo and W gives
enhanced strengthening (Masuyama, 2001).
Re is reported to have a similar effect to Mo and W when 0.5 % of Re is added
(Morinaga et al., 1994).

Vanadium, Niobium and Titanium
Vanadium, niobium and titanium are added to enhance the creep properties through
formation of carbides, nitrides or carbo-nitride precipitates that contribute significant
precipitation strengthening. Niobium and vanadium improve resistance to hydrogen
attack, but may promote hot cracking (reheat cracking), (ASM Metal Handbook, 1990).
It has been suggested that the optimum vanadium and niobium contents are in the
ranges of 0.2 to 0.8 % and 0.04 to 0.05 % respectively (Masuyama, 2001).

Carbon and Nitrogen
Carbon and nitrogen are austenite formers and useful in suppressing δ-ferrite. Also,
their contents relate to the precipitation and coarsening of Cr carbides and nitrides. If
carbide exceeds 0.1 wt %, the creep strength is reduced and there should be an optimal
addition according to types and contents of carbide forming elements (Masuyama,
2001).

In general, carbon increases the tensile properties, hardness and the hardenability but
decreases the weldability and impact toughness of the steel at room temperature.
Carbon also plays a vital role in the formation of carbides, which impede dislocation
motion and increase the strength of the steel (Sterjovski, 1997).

Nitrogen is used to increase creep strength in 9 % Cr steels and is normally added at
approximately 0.05 %, but the content should be optimal relative to other nitride
formers such as boron and aluminium (Masuyama, 2001).
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Boron
Boron is added to increase hardenability, enhance grain boundary strength and improve
creep strength. However, boron is also reported to cause hot shortness and to impair
toughness (ASM, Vol 1, 1990). Studies by Kobayashi, et al., 2002, on the effect of
boron on the tempering process in an Fe-9Cr-0.1C alloy martensite suggest that addition
of boron promotes M23 (B.C)6 formation, retards the α-γ transformation and stabilises
the tempered martensite against re-austenitising during welding.

Boron addition

produced finer and more evenly distributed M23C6 precipitates and reduced the
coarsening of the carbides, Foldyna et al., (1995). At the same time boron is known to
segregate to grain and sub-grain boundaries and stabilise them, thus enhancing the
hardenability of the steel.

Manganese and Silicon
Manganese is an austenite former, whereas silicon is a ferrite former. These actions are
viewed as being contradictory to each other, and reduction of the contents of both of
these elements can improve creep strength.
Manganese exists in all carbon steel in the range of 0.25 to 1%. Manganese combines
with sulphur in steel to form manganese sulphide (MnS) as grey inclusions distributed
randomly or elongated in the rolling direction. MnS prevents the formation of iron
sulphides and hence minimises the probability of hot cracking in both the weld metal
and base metal (Sterjovski, 1997; Chevis, 1997). Manganese increases the hardenability
of steel but contributes to temper embrittlement. Manganese is an austenite former, and
reduces the Ar1 temperature, increasing the possibility of retained austenite at higher Mn
levels.

Silicon increases the high temperature strength of steel but can promote temper
embrittlement. Silicon also works to decrease toughness by promoting the Laves phase
(Masuyama, 2001). The tolerance of steel to silicon can be enhanced by balancing with
manganese, especially in the weld metal (Grong et al, 1986; Lundin and Wang, 1989).
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In welding, silicon acts as an austenite stabiliser because it retards cementite formation
and hence the decomposition of austenite to cementite and ferrite is suppressed (Grong
et al, 1986; Lundin and Wang, 1989).

Nickel, Copper and Cobalt
Nickel, copper and cobalt are austenite formers. They inhibit the formation of δ –ferrite
by decreasing the Cr equivalent, but simultaneously decrease the A1 transformation
temperature. Nickel is added to copper containing steels mainly to provide protection
against hot shortness. Hot shortness is embrittlement of a metal at elevated temperature
caused by a low melting constituent segregated at grain boundaries during solidification
(Kalpakjian, 1985). The most important role of Ni in welds is to improve toughness,
especially at lower temperatures.
Cobalt addition increases the resistance to tempering in steels (Gustafson and Agren,
2001).

Sulphur and Phosphorus
Sulphur and phosphorus are kept to a minimum and are treated as impurities. Sulphur
and phosphorus reduce the elevated temperature ductility of steel. The reduction in
ductility is demonstrated by reductions in stress rupture life and thermal fatigue life.
Phosphorus also contributes to temper embrittlement.

2.1.4 Continuous Cooling Transformation (CCT) Diagram
The isothermal transformation diagram of steel is a valuable tool for studying the
temperature dependence of austenite decomposition. The decomposition of austenite to
ferrite and carbide is very sensitive to cooling rate and the final microstructure arising
from the decomposition of austenite depends on cooling rate. It is clear that even in a
single reaction such as the austenite to pearlite transformation, the product varies with
the transformation temperature. A specimen that is allowed to transform on continuous
cooling over a wide range of temperatures has a mixed microstructure, which is difficult

17

to analyse without any prior information. The time/temperature relationships which
define an isothermal transformation diagram are applicable to transformation carried out
at constant temperatures and the information is not readily applicable to heat treatments
involving transformation under continuous cooling conditions. Commonly, the steel is
heated into the austenite region and continuously cooled to room temperature at
different cooling rates, which depend on the type of treatment, size and shape of the
specimen.

Therefore, there is a need to generate a diagram, which describes the

transformations that occur in steel during the continuous cooling from an austenite
temperature. This type of diagram is known in Physical Metallurgy as a continuous
cooling transformation (CCT) diagram, and it represents the transformation behaviour
of steel for a wide range of cooling rates.

Generally, in commercial heat treatments of steel, it is desirable to measure the austenite
transformation temperature ranges and the transformation products on cooling at a
constant cooling rate from the austenite phase. If the starting and finishing austenite
transformation temperatures are known for different cooling rates, the information can
be used to construct the continuous cooling curve which is a valuable tool for heat
treatment and for predicting the microstructure of heat affected zones (HAZs) during
welding processes.

In general, the microstructural features will become finer with increasing cooling rate
(Scott Funderburk, 1999).

The relationship between the cooling rate and final

microstructure is described by a plot of time on the abscissa and temperature on the
ordinate. The region between the Ar3 and Ar1 is subdivided into temperature-time
regimes in which the various phases form.

The Ar1 and Ar3 both decrease with

increasing cooling rate, and both may exhibit plateaus for a range of cooling rates.

CCT-diagrams are broadly used to predict the microstructure and associated mechanical
properties after the steel is cooled continuously from the austenitising temperature.
CCT curves are usually determined by metallographic, thermal arrest and dilatometry
methods. A commonly used method in constructing CCT-diagrams for steels is the
dilatometric method which is based on the significant volume change on transformation
of austenite to ferrite or martensite.
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2.1.4.1

The Metallographic Method

The metallographic method is the oldest method for determining the TTT- and CCTdiagrams for steels. This technique is based on direct metallographic observations. The
first step in the construction of CCT-diagram by the metallographic method is to plot
the time/temperature curves for several cooling rates. The cooling curves should be
considered from the austenising temperature, but the effect of cooling becomes more
critical after the austenite reaches its equilibrium transformation temperature. Cooling
must be interrupted by quenching at selected cooling times to obtain samples for
metallographic analysis (Figure 2.0 (b)). In this way, the diagram can show the time to
decompose austenite at a given cooling rate, after it has become unstable.

The basic principle of the metallographic method was reported by Davenport (1939) and
is shown in Figure 2.0.
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(a)

(b)

Figure 2.0:

Schematic representation of the heat treating operations involved in the

metallographic method for measuring the progress of austenite transformation: (a)
transformation at a constant temperature; (b) transformation on continuous cooling at a
given rate (Davenport, 1939).
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In the continuous cooling case, specimens are cooled at a predetermined rate from the
autenitising temperature to pre-determined temperatures such as T1, T2, T3 etc., then
withdrawn and immediately quenched in water or brine to room temperature. Any
untransformed austenite remaining in the specimen will appear as martensite in the final
microstucture and can be distinguished from the transformation products that are
formed at the higher temperatures prior to quenching.

In practice, the transformation proceeds over a wide range of temperatures and the final
structure contains a mixture of different products, each product being substantially
indistinguishable from that formed isothermally at an appropriate temperature. The
construction of isothermal diagram requires exploration of many temperature levels and
is also similar to the experimental determination of a CCT-diagram. The CCT-diagram
can be constructed by drawing lines through points indicating the beginning and end of
transformation for each cooling curve.

This method is very difficult and time consuming except for the steels whose alloying
elements render the austenite very slow to transform.

For less hardenable steels,

diffusional transformation can occur so quickly that accurate detection of the start of
transformation can be difficult. The precise experimental determination of a CCTdiagram by the metallographic technique requires the identification of phases and phase
mixtures within a complex aggregate of microstructures. This is difficult, particularly
for low carbon steels unless the isothermal microstructures have been studied earlier. In
comparison to isothermal diagrams, which can be determined for common grades of
steel by direct metallographic observation, the precise determination of a CCT-diagram
by the metallographic method is limited to very hardenable steels.

2.1.4.2

Thermal Arrest Method

Another method for determining the CCT-diagram is the thermal arrest method. This
method is based on the heat evolution accompanying austenite decomposition and the
specific heat of the reaction products. When the temperature of a small specimen of
eutectoid steel is autographically recorded during cooling from the austenite region, the
resulting time/temperature curve can be a proof record of the transformation that
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austenite has undergone during cooling.

If the austenite has only transformed to

pearlite, there will be a single prominent thermal arrest between 500°C to 600°C and the
arrest is referred to as Ar’, the upper temperature of the fastest reacting region or ‘nose’
of the isothermal diagram, 500°C to 600°C. If the cooling rate is sufficiently high so
that only martensite forms, the single arrest is near 240°C and the arrest is referred to as
Ar”, the upper limit of the martensite transformation temperature range. In the case that
both Ar’ and Ar” occur on a quenching curve, the specimen contains both pearlite and
martensite.

The procedure in this method is to determine the time/temperature cooling curves for
the specimen during quenching in different quenching media. A higher quenching
velocity is attainable with a smaller specimen size. Thermocouple wires are spotwelded to each face of the specimen, which is then austenitised in vacuum and finally
quenched in a gaseous medium.

The time/temperature curves can be recorded

photographically during quenching with the aid of a moving galvanometer. Typical gas
quenching curves for plain carbon steel and platinium using the thermal arrest method
were reported by Greninger in 1942.

This technique of thermal analysis has often been applied in studies of the quenching of
steel and has provided some of the available information relating to the transformation
of austenite.

However, in many cases it does not yield satisfactory data on the

continuous cooling transformation of steel, particularly at higher cooling rates. This
limitation of the thermal arrest method has been overcome by magnetic induction
measurements. This technique is necessarily dependent on the magnetic properties of
the transformation product, which have been used in an effort to obtain more accurate
data at higher cooling rates than are possible for the thermal arrest method.
However, this magnetic method has not received much attention due to the thermal and
transformational stresses set up during transformation, which exert an effect on the
magnetic induction measurements. Neither the magnetic nor thermal arrest methods
lend themselves readily to quantitative information on transformational behaviour of
steel on cooling.
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2.1.4.3

Dilatometry Method

This well established method of direct experimental determination of CCT diagrams
involves the used of a high speed dilatometer in a which small specimen is heated and
cooled at controlled rates so that both temperature and changes in length can be
simultaneously recorded. Many studies on the transformational characteristics of steel
using dilatometry have been carried out and published (Lee and Hon, 1997; Farrar and
Zhang, 1993; Prior, 1994).

Earlier work by Brownrigg et al. (1983) involved dilatometer tests at cooling rates
corresponding to large heat inputs in bead on plate welds and has shown that a direct
correlation of hardness, with reasonable agreement, is possible between simulated and
actual HAZ structures.
This method has an advantage in the area of welding where the actual dilatation
characteristics are important in the study of transformational stresses and their effect on
weldment cracking.

Moreover, if the temperature ranges in which the various

transformation products are formed can be determined for a series of different cooling
rates, the problem of interpreting the microstructures will be very much simplified.
With suitable dilatometer equipment, it is possible to obtain the information required for
the construction of a diagram indicating the transformation characteristics on cooling.

In recent years, various types of instruments have been constructed and technology has
been refined, but the principles are the same in all types of dilatometers. In general, the
dilatometer records the three important variables: time, temperature and dilatation over
a wide range of temperatures and cooling rates.

The main experimental procedure in the dilatometry method is to record the
dilatation/temperature curve during continuous cooling transformation for various
cooling paths. Studies by Steven and Mayer (1953) show a selection of the dilatation
curves for a typical steel, Figure 2.1. The results from the dilatation/temperature curves
indicate that:
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(i)

the dilatation curves are independent of cooling rate in the absence of
transformation, because the coefficients of expansion of ferrite and austenite are
independent of cooling rate,

(ii)

the principle adopted to estimate the degree of transformation of each sample at
any transformation temperature is illustrated on the dilatation curve of Steven
and Mayer (1953). In this case, the dilatation curve for the continuously cooled
sample is indicated by a full line and the upper and lower broken lines represent
the thermal contraction parts of ferrite and austenite, respectively, and

(iii)

it is assumed that the proportion of transformed austenite is indicated by the
ratio of BC/AC at each transformation temperature. So by this assumption the
temperature at which transformation proceeds to 10, 50, 75, 90 and 100% can be
determined from each dilatation curve.

In general, the transformation start and finish temperatures are clearly indicated by a
distinct change in the dilatation curve. Therefore, it is possible to accurately determine
the beginning and finishing transformation temperatures of the steel for various cooling
paths.
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Figure 2.1:

Selection of dilatation/temperature curves for the B.S. En111 Steel of

various specimen sizes: (a) 2.032cm diameter; (b) 1.47cm diameter; (c) 0.97cm
diameter; (d) 0.635cm diameter; (e) 0.483cm diameter; (f) 0.254cm diameter (Steven
and Mayer, 1953).
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2.1.4.3.1

Advantages of Dilatometry

The dilatometry method in construction of CCT-diagrams relevant to particular heat
treatment and welding processes is widely used (Cottrell, 1953; Jye-Long Lee and MinHsiung Hon, 1987; Harrison and Farrar, 1989; Farrar and Zhang, 1993; Prior, 1994).
The necessary thermal cycles for producing CCT-diagrams applicable to welding
situations consist of a suitable austenitisation thermal cycle, followed by continuous
cooling to room temperature using appropriate weld cooling rates.

The austenitisation thermal cycle generally involves rapid heating to the peak
temperature at which the appropriate HAZ or weld metal grain size is developed. The
peak temperature is usually selected by trial and error at approximately 1300°C to
1350°C for the coarsened grain region in the HAZ and 1400°C for WM (Harrison and
Farrar, 1989). During the heating and cooling, specimen dilatation is continuously
recorded and plotted versus temperature. Typical dilatation /temperature curves shown
in Figure 2.2 for a steel specimen were published by Harrison and Farrar (1989).

Curve (a) in Figure 2.2 shows a continuous smooth dilatation curve because it has
transformed completely to martensite at a fast cooling rate. The martensite start and
finish transformation, Ms and Mf respectively can be obtained by locating the
temperature at which the curve starts to deviate from linearity. The other dilatation
curves “b”, “c” and “d” correspond to the specimens that have been transformed at
progressively slower cooling rates as compared to specimen “a”. The transformation
temperature increases inversely with cooling rate. The traces also show a more complex
curve during transformation because of the presence various microsconstituents such as
martensite (M), bainite (B), pearlite (P) and ferrite (F). The schematic CCT-diagram for
the above data is shown in Figure 2.3.
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Figure 2.2:

Schematic length versus temperature plots for four different cooling

rates: a> b > c > d (Harisson and Farrar, 1989).
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Figure 2.3:

Schematic continuous cooling transformation diagram produced from

data in Figure 2.2 (Harrison and Farrar, 1989).

Figure 2.4:

Construction to determine transformation temperature for any percentage

transformation (Harrison and Farrar, 1989).
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In some cases where the specimen has transformed to a number of microconstituents,
the dilatation/temperature data do not show a clear dilatometric resolution for each
phase field, and it is necessary to use a method to find the transformation temperature
for any given fractional completion, Figure 2.4. Then it is possible to use quantitative
metallography to calculate the transformation start temperature for different
microconstituents.

In summary, the metallographic method is based on subjective observations, thus
making TTT- and CCT-diagrams difficult to construct and interpret. Furthermore, the
precise determination of a CCT-diagram by the metallographic method is extremely
difficult, except for highly hardenable alloy steels. Although the thermal arrest method
has often been used in studies of austenite decomposition on continuous cooling and has
provided some of the available information relating to the transformation, in many cases
this method does not yield satisfactory data, particularly at a higher cooling rate.
Although magnetic induction measurements have been used in an effort to obtain more
accurate data at a higher cooling rate than is possible for the thermal arrest method, also
have the limitation that the thermal and transformational stresses affect the magnetic
induction measurements.

The dilatometric method has received more attention because of its great flexibility,
accuracy and the easy interpretation of data. Also this technique is entirely applicable to
a wide range of heating and cooling rates, although the experimental procedures for high
cooling rates have offered some difficulties. From the literature, the most attractive
method currently available is a high-speed dilatometer capable of following the
transformation behaviour of a steel specimen on cooling for a wide range of cooling
rates from the austenitising temperature.

2.1.5 Continuous Heating Transformation Diagram-CHT
The transformation on heating from ferrite to austenite is known as the reverse
transformation. This transformation occurs due to the polymorphic nature of iron, and
in pure iron the equilibrium transformation temperature is 910°C. Addition of alloying
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elements will either lower or raise the transformation temperature. The transformation
start temperature on heating is known as Ac1 and finish temperature known as Ac3. The
Ac2 is the temperature of the magnetic change from ferromagnetic to paramagnetic
behaviour. This temperature is about 770°C for alloy steels.

The continuous heating transformations are very sensitive to the heating rate, as there
are kinetic mechanisms involved in the transformation. A non-equilibrium heating rate
will raise transformation temperatures, and the relationship between the Ac1, Ac3 and
heating rate may be expressed in a CHT-diagram.
A typical CHT-diagram for 34Cr-4Mo steel is shown in Figure 2.5. It illustrates the
effect of increasing rate on Ac1 and Ac3 was published by the ASM, 1983. The CHT
diagram shows that the austenite formed initially will be inhomogeneous and grain
growth will not occur until all carbides dissolve and the austenite is relatively
homogeneous.

Figure 2.5:

Continuous heating transformation diagram for 34Cr-4Mo steel.
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Albutt and Garber, 1966 observed that the transformation to austenite from ferrite and
carbide can also occur as a martensitic reaction at high heating rates, similar to the
austenite to martensite reaction on fast cooling. This is manifest in the CHT diagram as
a drop in the Ac3 for very high heating rates (in order 500/second and above). Albutt
and Garber (1966) also observed this phenomenon in a low carbon steel, and found that
the transformation was dependent on starting structure as shown in Figures 2.6 and 2.7.

Figure 2.6:

Elevation of critical temperatures with heating rate for a 0.086 %C steel

with coarse carbide distribution.

Figure 2.7:

Elevation of the Ac1 and Ac3 with heating rate for the same 0.086 %C

steel as in Figure 2.6 with a fine pearlite distribution.
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2.2

WELDING PROCESSES FOR P91 STEELS

Generally, weldability is defined as the capacity of a metal to be welded under the
imposed fabrication conditions into a suitable designed structure and to perform
satisfactorily in the intended service (Anil Kumar Sinha, 1989; Messler, 1999; ASM
Metals handbook: Welding and Brazing, 1983; Yurioka, 2001; Gray and Croker, 2004).

Weldability of steels and susceptibility of steel to hydrogen cracking (ASM Metals
Handbook: Welding and Brazing, 1983) are also related to the hardenability of the steel.
Hardenability is indirectly expressed through a carbon equivalent (CE) which can be
used to estimate the cracking susceptibility of a steel during welding and to determine
whether pre-heat and/ or post weld heat-treatment are needed to avoid cracking.

A ferritic steel is completely austenitised in most of the weld heat affected zone (HAZ)
during welding.

The austenitised HAZ transforms into ferrite, pearlite, bainite,

martensite or a mixture of constituents depending on the steel composition, austenite
grain size and the cooling rate after welding. In P91 steel, the austenitised HAZ
transforms readily into martensitic structure. The austenite grains are coarsest and the
hardenability is highest in the HAZ near the weld fusion boundary.

In 1940, Dearden and O’Neil found a relationship between the maximum Vickers
hardness (HV) of the HAZ and the steel composition (through CE):

HV (max) = 1200CEDearden –200

CEDearden = C +

P
Cr
Mn
Cu
Ni
Mo V
+
+
+
+
+
+
2
5
6
13
15
4
5

(Equation 1)

(Equation 2)

As shown in Equation 2, the effect of the chemical composition on the maximum
hardness of the HAZ is given by a summation of a term for each significant alloying
element. This equation is the origin of carbon equivalent to assess steel weldability.
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This carbon equivalent was subsequently modified by the International Institute of
Welding (IIW) and the resulting equation for CE IIW has been widely used as a
weldability index (ASM Metals Handbook: ‘Welding and Brazing’, 1983):

CE = C +

Mn
Ni
Cu
Cr
Mo V
+
+
+
+
+
6
15
15
5
5
5

(Equation 3)

The concentrations of the alloying elements are given in weight percent. Equation 3
shows that carbon is the element that most affects weldability. CE expressions are
empirical, but are useful guidelines for welding procedures.

Steels with a lower CE value show good weldability. A CE value less than 0.35 wt %
indicates that HAZ cracking is not likely to occur and that heat treatment is not required.
When the CE value is in the range of 0.45 to 0.60 wt% weld cracking is likely to occur
unless an appropriate preheat in the range 95°C to 400°C is undertaken. If the CE is
higher than 0.60 wt %, there is a high probability of HAZ cracking and both pre-heat
and post weld heat treatment are needed.

Yurioka (2001) reported that the HAZ maximum hardness of a structural steel changes
with the welding cooling time from 800 to 500°C, t8/5 (s). The weld cooling time is
inversely related to the welding cooling rate (°C/s) and is determined by the welding
conditions, particularly the welding heat input. Welding with a low heat input reduces
t8/5 and hardening occurs when t8/5 (s) is less than the critical cooling time to form
martensite tM. The formation of martensite in the HAZ is determined by tM or the
critical cooling rate (CRM). A high value of tM (or a slow CRM) are characteristic of a
steel with high HAZ hardenability.

However, the CE of equation 3 does not accurately correlate with more recent grades of
low carbon, low alloyed steel. Thus, new equations based on solution thermodynamics
and kinetic considerations have been developed to obtain better predictions of the alloy
behaviour and weldability of low carbon alloy steel (ASM Metals Handbook: ‘Welding
and Brazing’, 1983):
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CE = k1C[1 + k2C + k3Mn + … + k11lnC + k22ClnC + k33MnlnMn + …+ k11CMn +..]
(Equation 4)

where k1, k2…..are the weighted coefficients multiplied by the concentration of the
alloying element. Non-linear terms such as ln Xi, XilnXi, and Xi, Xj are interaction
effects among the alloying elements xi and xj. Equations with non-linear terms are
useful in predicting arc welding behaviour.

The thickness of the part being welded can also be related to CE as the compensated
carbon equivalent, CCE as follow

CCE = CE + 0.00254e

(Equation 5)

where e is the thickness of the parts to be welded.

Recently an equation that includes fabrication and restraint conditions has been reported
as follows (ASM Metals Handbook: ‘Welding and Brazing’, 1983):

PH = Pcm + 0.075log10 H +

R

f

400

(Equation 6)

where PH is the cracking susceptibility parameter, H is the concentration of hydrogen (in
parts per million), Rf is the restraint stress (in MPa), and

Pcm = C+

Mn
Si
Cu
Ni
Cr
Mo
V
+
+
+
+
+
+
+ 5B
20
30
20
60
20
15
10

(Equation 7)

Equations 5 to 7 are valid for specific ranges of chemical composition and welding
conditions.

Despite the differences in terms included in the equations, the main

objective is to estimate the weldability and cracking susceptibility of the material.

Beres et al. (1997) reported that the creep resistant steel grades are grouped according to
their chemical composition and P91 steel is under a group of high alloy steels. Because
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of its high hardenability, P91 steel requires specific methods for calculating preheating
temperature, and interpass temperature post weld heat treatment.

The pre-heating

temperature can be calculated using CE as in equation 4. Pre-heating temperature can
be identified using the CE as shown in Table 2.3.

The lower limit of the given

temperature intervals is related to less than 10 mm and the upper limit to more that 30
mm wall thickness.
The PWHT temperature after normalising of plate depends on the sum of [Cr] + [Mo]
+5[V]. If the sum falls between 1 and 2 wt % then PWHT should carried out at 660°C
to 700°C, if between 2 and 3 wt % then the PWHT should be in the range 690°C to
720°C and if between 3 and 4 wt % then the PWHT range is 710 to 750°C. For higher
Cr steels, higher tempering temperature is recommended.

Table 2.3:

Preheating temperature of low and medium alloy creep resistant steel
grades (after Beres at al., 1997).

No

Carbon equivalent, wt %

Preheating temperature,
°C

1

0.4

150-200

2

0.5

175-225

3

0.6

200-250

4

0.7

220-270

5

0.8

240-290

6

0.9

260-310

7

1.0

280-330

8

1.1

300-350

Steel can be regarded as high alloy when the time-temperature-transformation diagram
indicates that austenite does not begin to decompose even after holding for hours above
the martensite temperature, MS. Steels with more than 4 wt% of chromium are in this
group and this includes P91 steel. When such steels are welded, the austenitised metal
typically reaches the MS temperature without any prior transformation during cooling.
i.e. martensite forms during the weld thermal cycle.

Preheating and interpass
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temperature of high alloy creep resistant steels need to be planned in such a way that a
microstructure with approximately 50% martensite is maintained during multi-pass
welding to ensure minimal cracking sensitivity for the weld joint.

A relation for

determination of preheating temperature has been proposed by Beres at al., 1997:

Tp = Ms - (50-70) K

(Equation 8)

where temperatures are in K. Data for the martensite transformation in steels indicate
that martensite formation finishes at Mf ≈ Ms – 126 K. Therefore, to promote full
transformation, the weld should be cooled after welding to temperature, Ti:
Ti ≈ Ms - (180-200) K

(Equation 9)

where Ti is the “intermediate” cooling temperature prior to PWHT. It is clear that the
Ms is necessary for the determination of the preheating (and inter-pass) temperature.

Martensite transformation occurs from metastable austenite at the MS temperature of the
alloy and progresses with falling temperature until the finish temperature, MF, is
reached. The MS temperature for Fe-0.15%C is about 460oC and the temperature gap,
MS-MF, is about 150oC (Troiano and Greninger, 1953). Alloying elements depress the
MS temperature and, for the type of creep resisting alloy steel being considered here, MS
(oC) can be estimated by the following empirical formula (Beres at al., 1997):

MS = 454 –210[C] + 4.2/[C] –27[Ni] –7.8[Mn] –9.5([Cr]+[Mo]+1.5[Si]+[V]+[W])
(Equation 10)

Concentrations are in weight percentages and the formula applies for the ranges and
conditions:
0.03-0.5 [C],
[Cr] + 1.5 [Si] > 6,
[Ni] < 1.4,
[Mn] < 1.75,
[Cr] + [Mo] + 1.5[Si] +[V] +[W] < 18.
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The formula confirms that C strongly decreases MS, with the substitutional solutes
contributing smaller but significant effects, particularly through the high content of Cr.
It should be noted that N is not considered in this formula, even though it is often used
as an alloying element in these types of steels and it significantly lowers MS. Setting [C]
as [C] + [N] at least partly compensates for this omission.

The recommended post welding tempering temperature for high alloy creep resistant
steels is usually in the range of 720°C to 760°C.

The most commonly used welding processes in manufacturing of power generation
steels are fusion welding by manual metal arc (MMA), gas tungsten arc (GTA), gas
metal arc (GMA), submerged arc (SA) and fluxed cored arc (FCA).

The choice of welding process depends on factors that include the size and thickness of
the steel to be welded, the site of fabrication or repair, availability of a suitable services
or equipment, availability of skilled welders and suitable consumables and the
mechanical properties required. Some of the welding process options for elevated
temperature steel for power generation are shown in Table 2.4 (Metrode Welding
Consumables for P91 Steels for the Power Generation Industry’, 1999).
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Table 2.4:

Welding process options for steel components used in the power
generation industry.

Component

Joint Type

Possible Arc Welding
Processes

Boiler Panel

Site welding/

Manual GTA and MMA

(small bore tubing)

Repair

Manual/

orbit

GTA

MMA
Superheater/

Tube to tube

Reheater/

Fixed/ orbital GTA
Manual GTA and MMA

Economiser
(small bore tubing)

Spacers and attachments

Manual GTA and MMA

Site welding

Manual GTA and MMA
Orbital GTA

Steam

pipework

headers

and Butt welds

GTA, MMA, Sub Arc

Stub to header

Manual GTA /MMA

Butt welds

Mechanical GTA / MIG

Site welding

Manual GTA and MMA
Orbital GTA, FCA

Pressure vessels,

Butt welds

GTA, MMA, Sub Arc

Butt welds

Mainly GTA, MMA

eg:Steam drums
Valve Chests

Possibly Sub Arc
Loop pipe work

Butt welds

Mainly GTA, MMA
Possibly Sub Arc

Site welds

GTA, MMA, FCA

&
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2.2.1 Manual Metal Arc Welding (MMAW)
Manual metal arc welding is also known as shielded metal arc welding (SMAW) and is
an arc welding process in which metal fusion is produced by heat from an electric arc
that is maintained between the tip of a covered electrode and the surface of the base
metal in the joint being welded (Welding Handbook, 1978). SMAW is one of the most
widely used techniques due to its simplicity, flexibility and cost effectiveness,
particularly for short welds in production, maintenance and repair, and field
construction. The equipment is simple, inexpensive and portable. Since it is a manual
process, it can be used outdoor and welds can be made in restricted spaces. The
electrodes of special composition can be made at lower cost in small quantities and
therefore, the process is used widely by small welding shops and home mechanics, for
applications in industrial fabrication and structural steel erection (Lincoln Electric
Company, 1973). A schematic representation of manual metal arc welding is shown in
Figure 2.8.

Figure 2.8:
1973).

Schematic representation of MMAW process (Lincoln Electric Company,
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An electric arc is struck between the electrically grounded work and a 0.2-0.4 metre
length of flux covered metal rod (the electrode). The electrode is clamped into an
electrode holder, which is joined to the cable to the power source. The tip of the
electrode is bought into contact with the work and then the welder withdraws the tip to
establish an arc and form a welding circuit. The heat from the arc melts the base metal in
the immediate area as well as the electrode metal core (Lincoln Electric Company,
1973).

As the welding process progresses, the electrode becomes shorter until it must be
replaced. This periodic replacement of the welding rod is one of the disadvantages of the
process since it decreases the working time that the welder spends on actual welding.
Other disadvantages of the process are limitations placed on the current because of
resistance heating of the electrode. Also, the electrode temperature must not exceed the
‘break down’ temperature of the electrode covering.

As 9% Cr-1% Mo steels are fully martensitic, the as-welded hardness is relatively high.
To avoid hydrogen cracking during the welding process, pre-heat is required and the
MMA electrodes must have low hydrogen potential.

40

2.2.2 Gas Tungsten Arc Welding (GTAW)
Gas tungsten arc welding (GTAW) is also known as tungsten inert gas (TIG) welding.
The GTAW process is well known as a high-quality fusion welding technique (John
Norrish, New Manufacturing Process and materials series, 1992). The GTAW process
produces fusion by an arc established between a tungsten (non-consumable) electrode
and the metal. A schematic representation of gas tungsten arc welding is shown in
Figure 2.9. The arc develops intense heat, which melts the surface of the parent metal
to form a molten pool. Filler metal is not added when thinner materials, and edge and
flange joints are welded. For all but the thinner materials an externally fed or cold filler
rod is used.
The filler metal is not transferred across the arc but melted by it. The arc area is
protected from the atmosphere by inert gas to prevent oxygen and nitrogen from the air
entering the molten pool. As a result, the weld is smooth and uniform and requires
minimum finishing.

The advantages of using GTAW process are:
1)

the high quality of welds in almost all metal and alloys

2)

need for very little post weld cleaning

3)

the arc and weld pool are clearly visible to the welder

4)

no filler metal is carried across the arc and very little or no spatter occurs

5)

welding can be performed in any positions, and

6)

no slag is produced that might be trapped in the weld.

The GTAW process is widely used in welding thinner materials for which metal
finishing is not required, maintenance and repair work and for welding die-castings.
The GTAW process can be manual or automatic.
The main disadvantage of the GTAW process is its low productivity and higher initial
cost.

However, GTAW has the capacity to weld many metals of thicknesses and

positions that are not possible by MMAW.
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Figure 2.9

Schematic representation of gas tungsten arc welding (GTAW) process,

including torch, weld, and filler rod. (Robert W.Messler, Jr, 1999).
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2.2.3 Gas Metal Arc Welding (GMAW)
GMAW is a process in which coalescence is produced by heating with an arc between a
continuous filler metal (consumable) electrode and work. Externally supplied gas or gas
mixture is used for shielding. Shielding gases are generally argon, helium, carbon
dioxide or mixtures thereof. The function of the shielding gas is to protect the molten
metal from reacting with constituents of the atmosphere. The flux in MMAW serves a
similar function.

GMAW can either be semi-automatic or fully automated, as shown in Figure 2.10. The
gas metal arc welding process utilises the heat of an arc between a continuously fed
consumable electrode and the metal to be welded. The heat of the arc melts the surface
of the parent metal and the end of the electrode. The metal melted off the electrode is
transferred through the arc to the metal work where it becomes the deposited weld
metal. Shielding gas is externally supplied and the electrode is fed automatically. The
arc is maintained automatically and travel can be manual or automatic.

Advantages of this process over MMAW include
1)

high travel speeds and deposition rates;

2)

high operator factor;

3)

high utilisation of filler material; and

4)

no slag is formed.

Disadvantages of this process are that welding cannot be carried out in windy conditions
as the molten weld pool may be exposed to the harmful atmosphere and welders require
relatively expensive safety equipment such as breathing apparatus. To overcome windy
conditions a variation on the GMAW process, the flux cored arc welding process can be
used.
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Figure 2.10: Schematic representation of GMAW process (Lincoln Electric Company,
1973).
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2.2.4 Flux Cored Arc Welding (FCAW)
The flux cored arc welding process adopts principles from both MMAW and GMAW.
The continuous wire is adopted from the GMAW process and the flux (adopted from
MMAW) is positioned in the core of the filler consumable wire to protect it from
breaking in the coil. Gas shielding can also be employed, see Figure 2.11.

The advantages of FCAW welding over GMAW and MMAW processes include:
1)

high welding speed possible;

2)

welding can be performed in windy conditions compared to GMAW;

3)

the slag is easy to remove compared to MMAW; and

4)

weld metal protection from the atmosphere is superior to MMAW.

Figure 2.11: Schematic of the self-shielded and gas-shielded forms of the flux-cored
arc welding (FCAW) process, including torch and wire, weld, and electrical hookup
(Robert W.Messeler, Jr, 1999, p67).
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2.2.5 Submerged arc welding (SAW)
Submerged arc welding is an automated welding process in which the arc and molten
metal are both shielded from the atmosphere by a blanket of fusible granular material,
referred to as the ‘flux’. Figure 2.12 schematically shows the SAW process.

Since the arc is completely covered by the flux, it is not visible and the weld is run
without a flash or spark, that is characteristic of open arc welding.
The advantages of the process include:
1)

preventing the rapid escape of heat by the insulating blanket of flux;

2)

preparation for welding can be deep and narrow with minimal use of filler
material;

3)

the weld bead appearance is generally uniform due to the automation
involved in the process and hence mechanical properties in the weld tend to
be at least equal to those of the base metal; and

4)

very high deposition rates are possible.

The SAW process is widely used in heavy steel fabrication work (such as welding of
structural shape, the longitudinal seam of larger diameter pipe, manufacture of vessels
and tanks for pressure and storage use, surfacing and build-up work, maintenance and
repair.
However, the SAW process is a limited position welding process, which can be
conducted in the flat position and horizontal fillet position.
welding cannot be performed using the SAW process.

Vertical or overhead
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Figure 2.12: Schematic representation of SAW process (Lincoln Electric Company,
1973).
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2.3

PARENT METAL (PM), HEAT AFFECTED ZONE (HAZ)
AND WELDED (W) AREAS

Microstructural zones that occur as a result of welding include the parent metal (PM);
the weld metal (WM); and heat affected zone (HAZ). The parent metal (PM); the weld
metal (WM); and heat affected zone (HAZ) are the zones examined in this project. The
HAZ is the region that has been microscopically affected by the heat of the welding
process. It is a convention to devide the HAZ into the grain-coarened HAZ (GCHAZ),
the grain-refined HAZ (GRHAZ) and the intercritical HAZ (ICHAZ).

2.3.1 Parent metal (PM)
The parent metal (PM) or the base metal (BM) is the metal to be welded. The PM
region, except near the fusion boundary is unaffected by the welding process, and
therefore it is not metallurgically affected by welding.

However, due to the welding process the PM is likely to be in a state of residual
transverse and longitudinal shrinkage stress (ASM Handbook, Volume 6, 1983), of
magnitudes that depend on the degree of restraint imposed on the weld.

2.3.2 Heat affected zone (HAZ)
The HAZ is a part of PM that has not been melted by the welding process but in which
the microstructure and mechanical properties have been altered (ASM Handbook,
Volume 6, 1983; Messler, 1999). The heat affected zone (HAZ) is the area that has been
microstructurally affected by the heat as a result of the thermal cycle during welding.
Because of varying thermal conditions as a function of distance from the fusion line, the
HAZ is composed of a structural gradient that can be described in term of the GCHAZ,
the GRHAZ and ICHAZ, as mentioned in 2.3.

Because grain growth is a function of temperature and the peak thermal cycle
temperature decreases sharply with distance from the fusion zone, the maximum
austenite grain size always occurs near the weld fusion boundary and decreases with
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distance from the boundary. The major factor that determines the maximum grain size is
the residence time at elevated temperatures where rapid grain growth can occur.

2.3.2.1

Grain-refined heat affected zone (GRHAZ)

The GRHAZ is defined as the region where the transformation of carbide and ferrite to
austenite is completed, but there is negligible or little grain growth. In lower C, low
alloy steels, this austenite decomposes into small pearlite colonies and ferrite grains
(Messler, p545, 1999). In high hardenability steels like P91, martensite can form despite
the small grain size. The GRHAZ is also referred to as the fine-grained (FG)HAZ.

2.3.2.2

Grain-coarsened heat affected zone (GCHAZ)

The GCHAZ is defined as the region of coarse grains adjacent to the WM.

The

microstructure of this region results from the large austenite grains that form due to the
temperature of this region being well above the Ac3 temperature (Messler, p545, 1999).

2.3.2.3

Intercritical heat affected zone (ICHAZ)

The intercritical HAZ is defined as the region directly adjacent to the PM running
parallel to the fusion line where the peak temperature is sufficient to cause partial
austenitisation. When a weldment fails in this region under creep conditions it is
referred to as a Type IV failure (Sterjovski, 1997; Francis et al., 2004).

2.3.3 Weld metal (WM)
The WM zone comprises a mixture of the filler metal and base metal, which is
completely melted and relatively homogenous.
At the outer boundary of the WM region is the weld interface zone. This is defined as
the boundary between the unmelted base metal on one side (HAZ) and the completely
fused weld metal on the other side (ASM handbook, Volume 6, 1983).
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Figure 2.13 shows a schematic representation of the different zones in a typical butt
weld and the corresponding temperature profile. In this figure the GCHAZ is referred to
as the grain growth zone, the GRHAZ is the recrystallised zone, and the ICHAZ is the
partially transformed zone.

Figure 2.13: Schematic representation of the zones found in a typical butt weld
(Easterling, 1992, p126).
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2.4

CREEP PROPERTIES OF P91 CREEP RESISTING
STEEL

Technological progress demands materials that can resist creep deformation and creep
fracture at a high temperature. When selecting materials for high temperature service,
several factors must be considered such as material cost, density, resistance to
environmental attack under normal operating conditions and ability to resist serious
distortion or failure during service. When assessing the resistance of materials to
deformation and failure over long times under load at high temperature, attention must
be given to the phenomenon of creep. Creep is often important in engineering design
and is particularly relevant in applications involving high temperatures, such as steam
turbines, piping within power plants, jet and rocket engines and nuclear reactor.

Creep may be defined as time-dependent permanent-strain under a constant load or
stress, even when the stress is well below that measured at yield in an ordinary tensile
test. Reed-Hill and Abbaschian (1992) point out that the stress required to induce
plastic flow in a metal has a thermally activated component to it. Thus, an important
corollary is that it is possible for plastic flow to occur while both the temperature and
the stress are maintained constant. And also being thermally activated process, the rate
at which creep strain occurs is extremely sensitive to the temperature (Prior, 1994). In
general, creep occurs at a temperature slightly above about 0.3Tm, where Tm is the
melting point in K. In this temperature range, atoms become sufficiently mobile to
allow time-dependent rearrangement of the structure (ASM Metal Handbook, 1990;
Evans and Wilshire, 1993).

Although creep takes place at all temperature above absolute zero, problems associated
with excessive creep distortion or failure after long time periods are commonly
experienced only at high temperature.

For metals, creep deformation becomes

significant in an operating temperature range of 0.3 to 0.6 of the absolute melting
temperature (Dowling, 1999). Creep strain eventually results in creep fracture through
nucleation, growth and linkage of pores, or by extension of cracks formed at triple grain
junctions and at interfaces with particles. The form of creep damage is sensitive to the
material and the service conditions.
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2.4.1 Measurements of creep properties
Creep properties can be measured by stress rupture testing, creep testing and constant
stress creep testing.

2.4.1.1

Stress rupture testing

Components often operate under complex loading conditions during high temperature
service. For example, the material in a particular region can be subjected to tensile
loads from more than one direction or to combine tensile and torsional forces. The
stresses and temperatures may be different in different parts of a component and also the
stress and temperatures may change with time.

Stress rupture testing is carried out by applying a known tensile load to a sample of
material held at a fixed temperature. The test is continued until the specimen fails. The
data derived from this test is the time to fracture (tF) and the strain to failure (εF) at fixed
stress and temperature. Measuring tF and εF at fixed stress and temperature defines the
failure point without providing any information on the form of the creep curve. This
type of measurement is known as a stress rupture test. Although a stress rupture test
provides only the values of time to fracture and the strain to failure at fixed stress and
temperature, this type of test is widely used (Evans and Wilshire, 1993, pp 7-10). One
of the reasons is that designs are often based largely on stress-rupture data. By carrying
out a series of stress rupture tests to how determine the rupture life varies with stress at
different temperatures, estimates can be made of the maximum stress that a material can
sustain at any temperature without creep failure occurring within the planned design
life.

2.4.1.2

Creep testing

The creep test provides the values of time to fracture (tF) and the strain to failure (εF),
but the full creep strain/time behaviour at fixed stress and temperature is also
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established. The creep test provides detailed information on the creep behaviour and the
creep fracture properties of a material.

The change in specimen length can be measured directly using an extensometer that is
attached securely to the test piece. The extensometer arms extend out of the furnace so
that change in gauge length can be monitored and measured.

2.4.1.3

Constant stress creep testing

Generally an engineering creep test is a constant temperature, constant load tensile test
during which strain is measured as a function of time (Evans and Wilshire, 1993; ReedHill and Abbaschian, 1992; Bernasconi and Piatti, 1978). This type of test is employed
frequently since its requires application of a dead load together with a method of
measuring strain. A constant load creep test is also representative of many scenarios in
engineering practice.

However, when a creep test is run for the purpose of

understanding mechanisms, it is usually necessary to reduce the load during the test to
compensate for the reduction in the cross-sectional area of the test specimen as it
deforms (Evans and Wilshire, 1993; Reed-Hill and Abbaschian, 1992; Bernasconi and
Piatti, 1978).

This type of test is referred as a constant stress creep test. If the

deformation along the gauge length of the test specimen is uniform then the stress is
also uniform. The load, P, can then be varied in such a way that the product of the load
and axial strain, Pε, is kept constant to ensure the stress also does not vary. If however,
necking of the test specimen occurs then the strain is no longer uniform along the gauge
length and constant stress conditions no longer apply.

2.4.2 Creep curve at a high temperature
Normally creep properties are determined by a test in which a constant load or stress
applied to the specimen and the strain is recorded as a function of time. This creep
curve at a high temperature exhibits various stages as shown in Figure 2.14 (Reed-Hill
and Abbaschian, 1992, pp 881-882). Directly on loading, the specimen undergoes an
instantaneous strain which is followed by the primary creep stage. In the primary stage
the creep rate declines gradually and eventually reaches a constant value in the
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secondary stage. The creep rate starts to accelerate leading to final fracture in the
tertiary stage.

The accelerated creep in the tertiary stage is usually due to time-

dependent intergranular cracking.

The creep curve shape as shown in Figure 2.14 can be described in terms of the changes
in creep rate throughout a test and can be written mathematically (Evans and Wilshire,
1993, pp 19) as:
έ =f(σ, T, t)

(Equation 11)

or έ =f(σ, T,ε )

(Equation 12)

For a creep curve recorded at known stress and temperature, έ is the creep rate after a
known time, equation 11, or at a specified creep strain as in equation 12. The parameter
of greatest significance is the secondary or steady-state rate, έs, i.e. the slope or gradient
of the secondary stage of a typical high-temperature creep curve, Figure 2.14. During
the secondary stage, έs remains constant with increasing time and with increasing creep
strain. Equations 11 and 12 (Evans and Wilshire, 1993, pp 19) then can be written as:
έs =f(σ, T)

(Equation 13)

The steady state creep rate depends only on stress and temperature but not on creep
strain or time. Equation 13 (Evans and Wilshire, 1993, pp 19) can be written as:
έs =u(σ).v(T)

(Equation 14)

where the function u(σ) describes the variation of έs with stress and the function v(T)
describes variation with temperature. The functions u(σ) and v(T) in equation 14 are
usually assumed to be independent of each other, i.e. the change in secondary creep rate
with increasing temperature should be the same at all stresses. Therefore Equation 14
can be expressed as (Evans and Wilshire, 1993, pp 20):
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Figure 2.14: Schematic representation of the creep behaviour of a material in a
constant stress test, showing regions of primary (I), secondary (II) and tertiary (III) creep
(Reed-Hill and Abbaschian, 1992, pp 881-882).
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έs ∝ v (T)

(Equation 15)

The secondary creep rate increases exponentially with temperature.

This type of

temperature dependence is found for many different processes including diffusion and
oxidation. As with diffusion rate, it can be inferred that creep obeys Arrhenius’s Law
(Evans and Wilshire, 1993, pp 21):
έs ∝ exp – (Qc/RT)

(Equation 16)

where Qc is called the activation energy for creep and R is the universal gas constant
(8.31 Jmol-1K-1., so Qc has units of Jmol-1K-1. The magnitude of Qc can be evaluated
from a plot of ln έs against (1/T).

The stress dependence of the secondary creep rate at a constant temperature can be
defined as:
έs ∝ u (σ)

(Equation 17)

A straight-line relationship is often observed when lnέs is plotted against log u (σ)
suggesting that
έs ∝ σn

(Equation 18)

Equation 17 is known as Norton’s Law, and provides the basis for the power law
relationships that have been widely used to describe high-temperature creep behaviour
(Evans and Wilshire, 1993).
By substituting u (σ) and v (T) in equations 16 and 18 into equation 14, the Power Law
also can be written as:
έs = A σn exp – (Qc/RT)

where A is a constant.

(Equation 19)

The power law relationship appears to give an excellent

description of steady-state creep behaviour.
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2.4.3 Diffusional Creep
When the high-temperature creep properties of materials are described by the Power
Law (Evans and Wilshire, 1993, p28) the activation energy for creep, Qc is reported to
be close to the activation energy for lattice self-diffusion. Diffusion normally occurs
due to the presence of vacancies within the crystal lattice. An atom can move to the site
of an adjacent vacancy when that atom has sufficient thermal energy to move from its
original location. At any temperature, the average thermal energy of the atom is 3kT,
where k is Boltzmann’s constant (1.38 X 10-23 Jatom-1K-1). However, the thermal
energy is not uniformly distributed among the atoms in the crystal. When atoms vibrate
with a frequency v, typically about 1013 per second, the atoms collide repeatly with the
atom next to them so the energy is transferred continually from one to another.
Therefore any single atom has more or less energy than the average value.

2.4.3.1

Nabarro-Herring Creep

Nabarro-Herring creep (Nabarro, 1948; Stouffer and Thomas Dame, 1996) can be
described as creep by stress-directed vacancy flow through the crystal lattice from
boundaries under tension to those under compression at low stress and high
temperature.

Therefore the diffusional creep process can cause a grain in a

polycrystalline material to extend with time in the direction of the tensile stress.
Nabarro Herring creep is dominant at high temperature.
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2.4.3.2

Coble Creep

Coble creep can also be described as creep by stress-directed flow of vacancies, with the
vacancies flowing along grain boundaries (Coble, 1963; Stouffer and Thomas Dame,
1996). Coble creep should be dominant at around 0.4Tm when creep tests are carried
out at low stress levels. Coble creep is present at low temperature and is also more
important in fine-grain materials than in coarse grain materials, because there are more
paths for grain boundary diffusion.

2.4.4 Dislocation Creep
Dislocation creep occurs at high stresses. Dislocations may move in a conservative
fashion, retaining their length, or they move in a non-conservative fashion increasing
their length through atomic diffusion. The former process is known as 'glide' and the
latter as 'climb.'
Dislocation movement by either conservative or non conservative means effects creep
strain. In the presence of a particle barriers, climb becomes an important process for
dislocation motion. However the presence of solute atoms and ions strain fields around
particles can inhibit atomic diffusion which is normally identified as the fundamental
atomic process that controls climb (Section 2.4).

However, the activation energy

reported for creep in high alloy steels is typically much higher than activation energy for
self diffusion in pure iron (After Dorn, J.E., ASM Seminar, Creep and Recovery, p. 255,
2000).
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2.4.4.1

Work-Hardening and Recovery

When metals are deformed at low temperatures, the stress required to produce the next
increment of strain increases with increasing strain. At any level of stress, it is possible
to derive a rate of work hardening from the gradient of the stress-strain curve. If the
cold worked metal is heated to an elevated temperature, the material gradually softens
with time. The stress required to produce further cold deformation gradually decreases
with increasing time at temperature. This phenomenon is known as recovery. During
creep at low temperatures, recovery effects can be ignored. However, during creep at
relatively high temperatures, work hardening and recovery take place simultaneously.
Steady state is reached when the rate of work hardening is balanced by the rate of
recovery. As creep proceeds at high temperatures, the generation and movement of
dislocations result in strain hardening, while recovery processes such as climb and
cross-slip allow dislocations either to be annihilated or to re-arrange into low energy
boundaries (Evans and Wilshire, 1993, p37).

2.4.4.2

Internal Stress

Dislocation studies show that the creep process leads to changes in the dislocation
arrangements in crystals. The dislocation densities are uniform originally and then
change progressively to an inhomogeneous distribution. Some areas have a high density
of dislocations whereas other areas are relatively free from dislocation. This implies
that the state of internal stress in the specimen is not uniform. A dislocation moving
through a crystal experiences a resistance to continued movement which depends on its
position with respect to the other dislocations present (Evans and Wilshire, 1993, p39).
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2.4.5 Creep Fracture
Creep fracture is the end result of creep at a high temperature. In a normal creep curve,
as in Figure 2.14, fracture occurs at the end of the tertiary stage. There are several
factors that influence the acceleration of strain rate in the tertiary stage. When a
constant load is applied, the stress increases as the cross-sectional area of the specimen
decreases with increasing strain, causing the creep rate to accelerate.

However, a

tertiary stage normally precedes fracture even when constant-stress is applied or when
changes in specimen cross-section can be ignored because ductility is low (~1%).
Tertiary creep may be due to (Evans and Wilshire, 1993, p50):

i)

mechanical instability such as the occurrence of necking which results in a
localised reduction in cross-sectional area;

ii)

microstructural instability including grain growth or recrystallisation with
single-phase materials or the gradual loss of strength as overaging occurs
during creep of precipitation-hardened alloys; and

iii)

the nucleation and growth of internal microcracks which develop until the
numbers and sizes of the microcracks are sufficient to cause the creep rate to
increase.

For high temperature creep conditions, microcracks normally form and grow along grain
boundaries and the failure occurs as intergranular cracking. There are two types of
intergranular cracking, namely wedge or triple junction cracks and grain boundaries
cavities. Triple junction or wedge type cracks are normally observed in tests at higher
stresses while grain boundary cavities are generally found to develop in tests at low
stress and high temperatures.

2.4.5.1

Triple Junction Cracking or Wedges

The formation of triple junction or wedge cracks occurs under high temperature
conditions, when the grains of a polycrystalline material move relative to each other.
This shearing along grain boundaries is termed grain boundary sliding. Sliding on grain
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boundaries experiencing a shear stress can cause nucleation of cracks at grain triple
junctions. Continued sliding causes the cracks to grow, predominantly along grain
boundaries normal to the tensile stress axis (Evans and Wilshire, 1993, p53).

2.4.5.2

Creep Cavitation

The formation of creep cavities occurs when stress concentrations are produced at
locations where sliding is prevented by small obstacles. The obstacles that lead to
cavity formation are (Evans and Wilshire, 1993, p54):

i)

ledges or steps formed, where a slip band in one grain intersects the
boundary or,

ii)

non-deformable particles or hard inclusions in the grain or sub-grain
boundaries, with voids forming in association with fracturing the particle or
by decohering at the particle/matrix interface.

2.4.6 Factors Affecting Resistance to Creep Fracture
Alloy additions in steel can significantly improve the resistance to creep fracture.
Strong particles located at grain boundaries may hinder grain boundary sliding and
therefore the development of intergranular cracks. Furthermore, as well as affecting
creep rate and rupture life, alloying can also reduce creep ductility. For example, heattreatment procedures that result in precipitate free zones at grain boundaries can lead to
low ductility by promoting the formation and propagation of intergranular cracks. In
producing creep resisting alloys, with enhanced creep ductility, alloys have been
produced with grains elongated in the tensile stress direction.

Cracks form

preferentially on boundaries oriented at right angles to the tensile axis. Crack link-up to
cause failure occurs more easily with an equiaxed grain structure than with an elongated
grain structure (Evans and Wilshire, 1993).
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Generally in creep resistant alloy steels such as P91, solid solution strengthening of the
matrix is an important factor. Such a matrix is more creep resistant compared to a pure
metal as the elements in solid solution inhibit movement of dislocations through the
crystal lattice. In addition to solid solution hardening, precipitation and work hardening
can also effect a significant increase in the creep resistance. However, these hardening
mechanisms are unstable relative to a rise in temperature. Therefore their use for the
purpose of increasing the creep resistance of the metals is limited to the temperature
ranges within which the strengthening mechanisms are stable (Bernasconi, and Piatti,
1978).

The strengthening of a creep resistant alloy by a finely dispersed precipitate is subject to
the same softening processes that occur in a normal precipitation hardening alloy.
Coarsening and over-aging will occur with time at elevated temperature. Also heating
of the alloy above the Ac3 temperature can cause re-solution of the precipitates in creep
resistant steels.

In welding, the HAZ region is normally more prone to creep damage than the parent
structure. The consistent location of creep damage in HAZ regions has resulted in the
following classification system for failure site:

Type I: Damage is transverse or longitudinal and is confined to the weld metal.
Type II: As with Type I but crack growth extends into adjacent heat affected zone.
Type III: Damage in the coarse-grained HAZ nearer to the fusion line.
Type IV: damage in the fine-grained and/ or inter critical HAZ region.

Creep damage of P91 creep resisting steel creep overwhelmingly occurs under
classification Type IV.

For a successful service application and acceptance in practice, the weldability and the
long time behaviour of the material is one of the most important aspects. Figure 2.15
shows the creep rupture strengths of the parent material P91 and cross-weld samples at
different temperatures. These data show that the time to fracture of cross-weld samples
at a given stress and temperature is up to an order of magnitude lower than the parent
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material. The HAZ therefore significantly compromises the creep resistance of P91
steel.

Figure 2.15: Creep rupture strength of parent material P91 and cross-weld specimens
(Bendick et al, 1993). Rupture time is in hours.
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2.5 SIMULATION STUDIES OF CREEP PERFORMANCE
OF P91
In the actual weld joint, the HAZ is only a few millimeters wide and the structures and
properties of the different sub-zones of the HAZ cannot readily be studied directly from
the weld joint. Therefore, it is desirable to simulate the HAZ microstructure in the
material by subjecting it to a suitable thermal cycle that corresponds to that experienced
by a particular sub-zone of the HAZ during actual welding. Through the simulation,
each individual microstructural sub-zone can be reproduced in a relatively large volume
compared to the corresponding sub-zones in the HAZ of an actual weld.

Advantages of simulation are reduced scatter in mechanical and structural test results
compared with the actual HAZ, which is characterised by a structural gradient. The
increased degree of structural homogeneity in the simulated sample facilitates the study
of creep crack growth and damage development, as well as numerical simulation.
However, effects of microstructural discontinuity, local property gradient, and welding
residual stress cannot be taken into account when using the HAZ simulation technique.

Bendick et al. (1994) studied simulated HAZ structures produced by different peak
temperatures in the range of 760ºC to 950ºC. The simulated PWHT condition was
760ºC for 2h with air cooling. The results show that in the as welded simulated
condition the hardness level remained unaltered for peak temperatures between 760ºC
and 850ºC.

The hardness increased for peak temperatures above 850ºC.

PWHT

reduced the hardness significantly. These reseachers focussed on the simulated subzones HAZ produced by treatment at peak temperatures from 760°C to 950°C, whereas
the current research on simulated sub-zones includes peak temperatures of 1000ºC and
1400ºC, using Gleeble simulation at effective heat inputs of 1.6kJ/mm and 2.6kJ/mm,
followed by PWHT at 760ºC/2h.

Prader et al. (1995) also produced simulated sub-zones of the HAZ structures of P91
steel using a Gleeble thermo-mechanical simulator. The P91 steel used in this study
was in the normalised and tempered condition (1060 ºC/1.5h/ AC; 780 ºC/1.5h/ AC).
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The peak temperature and hold time used in this studies were 950ºC and 10 s, followed
by cooling with ∆t 8/5 =22 s, followed by PWHT at 732ºC/1.5h. Although the hold time
appears to be excessive, the cooling conditions are comparable to a manual arc weld.
The investigations showed that the minimum hardness occurred after PWHT in the area
of the HAZ close to the base material. The peak temperature during the weld cycle fell
within a range between AC1 and AC3 or slightly above AC3. It can be assumed that at
such a low austenitising temperature, no significant amount of precipitate goes into
solution. This austenite is, therefore, likely to contain less carbon than austenite formed
at higher temperatures.

The researchers concentrated on the simulated sub-zone produced by treatment at peak
temperature of 950ºC and cooling with ∆t 8/5 =22 s. In contrast, the current research is
focussed on a series of simulated sub-zone structures of P91 steel. Specimens were
subjected to peak temperatures of 850ºC, 1000ºC and 1400ºC with cooling cycles
equivalent to heat inputs of 1.6 kJ/mm and 2.6 kJ/mm, followed by PWHT at 760ºC/2h.
The peak temperatures represent the ICHAZ, GRHAZ and GCHAZ.

Cerjak et al. (1998) also produced simulated sub-zones of the HAZ structures of P91
steel, NF616, E911 and G-X 12 using a Gleeble 1500 machine at different peak
temperatures in the range between 760ºC and 950ºC, followed by PWHT. The alloys
NF616, E911 and G-X 12 are W-bearing version of P91. The tempering temperatures
were 760°C/2 h air cooled for P91, 760°C/2 h for E911, 740°C/4 h for NF616 and
730°C/12 h for G-X12. The thermal cycles applied were selected to represent a manual
shielded metal arc welding process with a heat input of 2.52 kJ/mm and a pre-heat
temperature of 225ºC. The cooling time ∆t 8/5 was 21.6 s. They also carried out optical
TEM investigations, hardness and constant strain rate tensile tests (at a temperature of
600ºC and strain rate of 10-5s-1) and creep rupture tests (at 550ºC and 600ºC) on the
simulated sub-zones of the HAZ structures.

The results of the hardness tests performed on the weld simulated microstructures of the
investigated materials are shown in Figure 2.16 as a function of the peak temperature
for both the PWHT and as welded conditions. There was no significant change in
hardness for thermal cycles with peak temperatures up to about 850ºC, but the hardness
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increased significantly as the peak temperature increased beyond 850ºC. After PWHT,
the hardening effect disappeared in all alloys, Figure 2.16.

P91

Figure 2.16: Results of hardness measurements on specimens of P91, NF616, E911
and G-X12 subjected to weld thermal cycle simulation treatments (softening behaviour
of HAZ). The P91 hardness curves are arrowed (After Cerjak et al., 1998, p 145).

The results also revealed that the behaviour of the tungsten modified chromium steels
NF616, E911 and G-X12 showed similar behaviour regarding the creep resistance in the
HAZ to P91. Figure 2.17 shows results of creep rupture tests for P91, NF616, E911
and GX12 base materials, cross-weld samples and soft zone HAZ simulated samples.
Creep rupture tests were conducted on samples designed to represent material
containing microstructures caused by a peak temperature of 920ºC (HAZ simulation).
From Figure 2.17 the creep resistance of HAZ simulated samples decreased for all
investigated materials at high stress levels, significantly below the creep resistance of
the corresponding base material and its welded joint. Comparing the behaviour of HAZ
simulated P91 to the HAZ simulated NF616, E911 and G-X12 samples it can be seen
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that the softening effect in the tungsten modified material on the creep behaviour, at
high stress levels, is lower than that of material P91.

Figure 2.17: Results of creep rupture tests of P91, NF616, E911, and GX12 base
material, welded joint and soft zone HAZ simulated materials.

Wu et al. (2004), produced simulated sub-zones of the HAZ structures of P91 using a
furnace with peak temperatures from 760 to 1300ºC. Samples were held for 20 minutes,
cooled in air and then tempered at 760ºC for 2 hours, followed by air-cooling. Those
treatments at temperatures of 1100ºC and above, i.e., above AC3, resulted in complete
transformation of martensite to austenite, austenite grain growth and carbide dissolution.
The microstructures have a similar grain structure to the coarser part of the HAZ in
welded pipe. Those treatments at temperatures of 850ºC and 950ºC, i.e., between AC1
and AC3 gave rise to a partial martensite to austenite transformation and limited carbide
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dissolution. These microstructures match that in the intercritical HAZ of the welded
pipe. The microstructure after austenitising at 800ºC and lower is comparable to the as
received parent metal since no phase transformation occurred. The results showed that
the hardness was increased with increasing austenitising temperature and the rupture
time for the simulated extra coarse grain HAZ was longer and the rupture ductility lower
than those for the parent metal, the weld metal, and the simulated intercritical HAZ.

However, the use of a furnace for the simulated heat treatments by Wu et al. (2004), is
unlikely to reproduce the actual weld thermal cycles.

Kulvir et al. (2005), investigated creep and creep damage in P91 welded joints using
simulated HAZ structures. The sub-zones of the HAZ structures were produced by heat
treatment at peak temperatures of 800, 900, 1000, 1200 and 1200°C for 1 h and cooled
in air followed by tempering at 760°C for 2 h and cooled in air. The results show that in
as welded condition (simulated) conditions, the hardness level remained unaltered at a
temperature of 800°C as compared to the as received pipe material. The steel showed a
tendency to form a softened region in the fine-grained HAZ after weld simulation heat
treatment. The tempering treatment (760°C/2 h) reduced the hardness as a result of
reduction in dislocation density and the tetragonality of the martensite (Orr et al., 1992).
Creep rupture properties were lowest for P91 steel heat-treated at 900°C, which
represents the intercritical zone, and were very high for samples heat treated at 1200°C
and 1300°C.

Although simulation studies have been previously conducted, uncertainties still remain
about the effect of thermal treatment on the structure and properties of P91 steel. This
conclusion was confirmed by Dr. Martin Prager, The Chairman of Commission XI of
the IIW (Pressure Vessel) at the recent IIW conference in Dubrounik, Croatia (July,
2007). In summarising the status of P91 in power generation installations, Dr. Prager
stated that the effects of microstructure on properties are still not well understood and
that P91 is a “precision metal” that requires very careful control of heat treatment
conditions.
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The current research examines simulated sub-zones of the HAZ structures of P91 with
peak temperatures ranging from 850ºC to 1400ºC using a Theta High Speed Dilatometer
and peak temperatures of about 870ºC, 1000ºC and 1370ºC using a Gleeble thermomechanical simulator. Comprehensive comparative studies were made on individual
samples.

It can be concluded that previous work has been mostly concentrated on simulated HAZ
sub-zone structures for peak temperatures from 760ºC to 950ºC. The current research
has been focussed on simulation studies using both a Theta High Speed Dilatometer and
a Gleeble thermo-mechanical simulator and covers a wide range of simulated HAZ peak
temperatures.

The work also addresses the effect of heat input and is more

comprehensive than most of the previous work which is based only on a single
simulated heat input. In the current work notched samples were used to better simulate
the stress conditions prevailing in components under service condition. Moreover,
structural analysis to define the creep mechanism remains limited and the present study
addresses this aspect in a more comprehensive way than previous work.
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PART B
EXPERIMENTAL
INVESTIGATION
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CHAPTER 3

EXPERIMENTAL PROCEDURE
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3.1 MATERIALS SELECTION
3.1.1 MATERIAL
The material used in the present study was P91 creep resisting steel manufactured by
Vallourec and Mannesmann Tubes. P91 steel has been developed for use at elevated
temperatures in power generation, oil and gas, and chemical plant components.
However, for prolonged tempering and/or service exposure at an elevated temperature,
substantial loss of hardness occurs due to particle coarsening, dislocation recovery and
loss of solid solution hardening. As a result, the creep resistance progressively
decreases.

Table 3.0 shows the chemical composition of the 50 mm thick P91 pipe steel that was
investigated in the current work.

The P91 pipe steel was in the normalised and

tempered condition. The as received P91 pipe has a structure consisting of tempered
martensite with an average hardness of 224 HV10. The manufacturer’s data for this
steel indicated that the AC1 temperature was between 800ºC and 830ºC and AC3 was
between 890ºC and 940ºC (Vallourec & Mannesmann Tubes, The TP1/P91 Book, 1999,
pp.14-29).

Table 3.0: The chemical composition (wt%) of the P91 pipe used in the investigation.
Element

Element

C

Mn

Si

S

P

Cr

Ni

Mo

0.09

0.40

0.28

0.01

0.02

8.50

0.15

0.89

Nb

Cu

V

N

O

Al

Ti

B

0.06

0.16

0.21

0.0518

0.0030

<0.005

<0.01

<0.005

In actual girth welds of the P91 pipe, the weld consumables used were CHROMET
9MV-N under the classification of BS EN ECrMo91; 3.2 mm wire diameter for the root
pass and for the fill runs, a fluxed core wire, Supercore F91 under classification AWS
E91T1-B9, 1.2 mm diameter. Metrode Products Ltd supplied the consumables. The
chemical compositions of the consumables are in Tables 3.1 and 3.2.
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Table 3.1: Chemical composition (wt %) of the weld consumable, CHROMET 9MV-N
(BS EN ECrMo91) used for root runs during welding.

Element

Wt %

C

0.11

Mn

0.72

Si

0.30

S

0.011

P

0.012

Cr

9.5

Ni

0.7

Mo

1.0

Nb

0.07

Cu

0.02

V

0.24

N

0.04

Ni + Mn

1.5

Al

0.01
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Table 3.2: Chemical composition (wt %) of the weld consumable, Supercore F91
(AWS E91T1-B9) used for fill runs during welding.

Element

Wt %

C

0.11

Mn

0.78

Si

0.28

S

0.006

P

0.018

Cr

8.8

Ni

0.52

Mo

1.14

Nb

0.03

Cu

0.04

V

0.22

N

0.04

Ni + Mn

1.30

Al

0.01
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3.2

EXPERIMENTAL WORK

Experimental studies were conducted in four stages; actual welding (Section 3.2.1);
examination of the physical metallurgy of the base alloy by heat treatment using a Theta
high-speed dilatometer; production of simulated sub-zone HAZ structures using both a
Theta high-speed dilatometer and a Gleeble 3500 thermo-mechanical simulator (Section
3.2.2 and 3.2.3); and creep testing of both the base alloy and Gleeble simulated subzone structures (Section 3.5).

The parameters for generating the simulated HAZ sub-zones were determine from the
thermal cycles of the actual welding processes.

3.2.1 Actual Welding
Actual welding was conducted at CSIRO Adelaide. The welding process was carried
out with different heat inputs: 0.8 kJ/mm, 1.6 kJ/mm and 2.4 kJ/mm using GTAW for
the root pass, followed by FCAW for the fill runs. After welding, post weld heat
treatment (PWHT) was performed at 760ºC for 2hrs 15minutes, followed by aircooling. During the welding process, the thermal cycle was monitored using embedded
thermocouples. The preheat temperature prior to welding was 250ºC and the interpass
temperature was controlled at 250ºC ± 10ºC. The details of welding procedure for each
heat inputs were shown in Figures A1 to A3, Appendix A.

The weld preparation for welds produced at the three heat inputs was the same:
Included angle: 30°
Root face: 2.5 mm
Root gap: 2.2 – 2.4 mm
Weld length: pipe OD = 358 mm
Wall thickness: 51 mm

Figure 3.0 consists of photographs of the actual welding process and the finished
circumferential butt welds.
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(a)

(b).

Figure 3.0:

(c)

(a) Welding of the P91 pipe; (b) completed root runs; and (c) completed

weld joints for P91 pipe.
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Hardness tests were performed at the mid-thickness and 2 mm from outer surface of the
weld and microstructural analyses were carried out on the samples produced by heat
inputs of 1.6 kJ/mm and 2.4 kJ/mm.

The weld thermal cycle for the heat input of 1.6 kJ/mm was used in producing
simulated HAZ sub-zones HAZ structures by both a Theta Dilatometer and a Gleeble
3500 Thermomechanical Simulator.

3.2.2 Theta High-Speed Dilatometer Heat Treatment
In order to characterise the structure and properties of the base P91 steel, it was
subjected to several basic experiments, such as determination of the continuous cooling
transformation (CCT) diagram, and the continuous heating transformation (CHT)
diagram. In addition, different heat treatment cycles, involving systematic variations in
heating rate, peak temperature, holding time and cooling rate were used to test the
response of the steel in terms of the structure and hardness produced on cooling to
ambient.

All the experiments were carried out using a Theta High Speed Dilatometer (refer to
Figures 3.1 and 3.2), with the dilatometer set up in quench mode as shown in Figure
3.3. In the quench dilatometer the specimen (see Figure 3.4) is held between two
quartz tubes and heated by a water-cooled induction coil in a vacuum inside the
specimen chamber. A thermocouple spot-welded on the surface of the sample is used to
control the temperature.
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Figure 3.1:

Photograph of Theta High Speed Dilatometer machine.

Figure 3.2:

Specimen chamber of Theta High Speed Dilatometer machine.
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Figure 3.3:

Schematic diagram of the set-up for quench dilatometry in specimen

chamber.

Figure 3.4:

Schematic diagram of the hollow cylindrical dilatometer specimen.

79

3.2.2.1

Continuous Cooling Transformation (CCT)

Continuous cooling transformation of P91 creep resisting steel was investigated using
the dilatometer for comparison with the established continuous cooling transformation
diagram for P91 steel (Vallourec & Mannesmann Tubes, The TP1/P91 Book, 1999,
pp.14-29) that is shown in Figure 3.5.

Figure 3.5:

CCT diagram for P91 steel (Vallourec & Mannesmann Tubes, The

TP1/P91 Book, 1999, pp.14-29).

As received samples were machined to dilatometer specimens with dimensions of 10
mm length, 5 mm OD and 3.5 mm OD (refer to Figure 3.4). The specimens were
heated to a peak temperature of 1050ºC with a heating rate (HR) of 50ºC/s and held for
30 minutes, to simulate normalising heat treatment and then cooled at the different
cooling rates (CR): 0.1ºC/s, 1ºC/s and 10ºC/s.

For slow and fast cooling, slab samples of 10 mm X 10 mm X 3 mm were heated to a
peak temperature of 1050ºC using a tube furnace flushed with argon gas. For slow
cooling the sample was subjected to heating to a peak temperature at 1050ºC and held
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for 30 minutes before cooling at a rate of 0.01ºC/s. For fast cooling, the sample was
heated to a peak temperature of 1050ºC, held for 30 minutes and then quenched into
water (the cooling rate is estimated to be approximately 300ºC/s).
The transformation behaviour on cooling was monitored by dilatometry.
The phase transformations that occurred were also analysed by microstructural
examination and hardness testing.

3.2.2.2

Effect of Hold Time at Peak Temperature of 1050ºC

In order to gauge the rate of dissolution of precipitates, the effect of holding time at the
austenisation temperature of 1050ºC was investigated using the dilatometer.
Dilatometer specimens were heated to a peak temperature at 1050ºC at a heating rate of
50ºC/s and cooled at a cooling rate of 1ºC/s, after holding times of 3 sec, 0.3 min, 3 min
and 30 min.

Microstructural and hardness examinations were then carried out on polished and
etched cross-sections.

3.2.2.3

Continuous Heating Transformation (CHT)

Continuous heating transformation on P91 creep resisting steel was investigated by
dilatometer specimens subjected to a to peak temperature at 1050ºC with different
heating rates: 0.5ºC/s, 5ºC/s, 25ºC/s and 50ºC/s, holding for 2 seconds, followed by
cooling at 15ºC/s.

The phase transformations that took place on heating and subsequent cooling were
monitored by dilatometry. Microstructures were examined and hardness testing was
conducted on polished and etched cross-section.

3.2.2.4

Simulated HAZ Sub-Zone Structures

As received samples were machined to dilatometer specimens then heated at a rate of
50ºC/s, held for 1 second at selected peak temperatures before cooling at 15ºC/s.
The various sub-zones were simulated using the following peak temperatures:
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i) Grain coarsened, 1400ºC
ii) Grain refined, 1200ºC
iii) Grain refined, 1000ºC
iv) Grain refined, 900ºC
v) Intercritical grain, 850ºC

3.2.2.5

PWHT of Simulated Sub-Zones Structures

As received samples were machined to dilatometer specimens then given identical heat
treatments to those listed in 3.2.2.4.
Subsequently, simulated post weld heat treatment (PWHT) was performed at 760ºC
with a 30 minutes hold. The heating rate was 0.5ºC/s and the cooling rate was 0.5ºC/s.

Microscopic examination and hardness measurements were carried out on the simulated
as welded and post weld heat treated HAZ structures.

82

3.2.3 Simulated HAZ Sub-Zone Structures using a 3500 Gleeble
Thermomechanical Simulator
The purpose of this part of the work was to simulate the main sub-zones of the HAZ of
P91 creep resisting steel using a Gleeble 3500 thermo-mechanical simulator, refer to
Figure 3.6, and to investigate their microstructures and hardnesses. A comparative
analysis of the effect of simulated PWHT on microstructure and hardness was also
undertaken.

3.2.3.1 Simulated HAZ Sub-Zone Structures
The Gleeble 3500 thermo-mechanical simulator consists of a general mobile conversion
unit for axial tension and compression and a hydrawedge mobile conversion unit for
multi-hit compression work.

However, for this work, the mobile conversion unit for axial tension was used with
linear curve. Two sets of 120 mm long rod samples were prepared with 10 mm and 17
mm diameter. The first set was used for metallographic analysis and the larger diameter
samples were used for creep testing. Type K thermocouple was spot weld to the middle
of the Gleeble specimen which was placed into the specimen holder by using water
cooled copper grips to allow a better control of cooling rate during HAZ simulations
(The Gleeble News Letter, Spring 2001, pp 1 – 4). The simulation work was carried out
in a vacuum environment.

The specimens were subjected to a heating rate of 170ºC/s, held for 1 second at the peak
temperature, then cooled at 15ºC/s (corresponding to a ∆t

800-500

of 21s, as determined

during actual welding for a heat input of 1.6 kJ/mm). The thermal profile conformed to
the Rykalin-3D model.

Typical Gleeble simulated specimens are as shown in Figure 3.7. The thermal cycle to
simulate a heat input of 2.6 kJ/mm was calculated from Rosenthal’s solution of the
Fourier heat conduction equation in a simplified version derived by Rykalin (1957).
These equations allowed estimation of the cooling time between 800ºC and 500ºC for
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each selected heat input. ∆t

800-500

was determined to be 32 s independent of the peak

temperature.

The set of 10 mm diameter samples was cut longitudinally to form semi-circular rods.
One half was subjected to PWHT, and the other was used for microstructural and
hardness analyses before PWHT.

The set of 17 mm diameter samples was subjected to PWHT and then machined into
creep specimens (see 3.5.5).

The peak temperatures used to produce the simulated sub-zones of the HAZ were as
follows:
i) Grain coarsened, 1367ºC
ii) Grain refined, 1008ºC
iii) Intercritical grain, 868ºC

Figure 3.6:

Gleeble 3500 themo-mechanical simulator.

84

Figure 3.7:

Typical simulated specimens produced using a Gleeble 3500 thermo-

mechanical simulator.
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3.2.3.2

PWHT of Simulated HAZ Sub-Zones

The 10 mm and 17 mm diameter Gleeble specimens were subjected to the heat
treatments outlined in 3.2.3.1. Consequently, PWHT was performed at 760ºC for 135
minutes, with a heating rate of 150ºC/hr and cooling rate of 120ºC/hr (similar to that
reported for the actual weld).

The simulated HAZ sub-zones produced by the Gleeble were subjected to PWHT. The
10 mm samples were used for metallographic analysis, whereas the 17 mm samples
were used for creep testing.

3.3

METALLOGRAPHY

Microstructural characterisation of the heat-treated samples was carried out using
optical microscopy (metallurgical Leica DMR Research microscope), scanning electron
microscopy (JOEL JSM-6400 SEM) and transmission electron microscopic (JOEL
2000 FXII TEM). The optical microscopy was used to observe general microstructural
features, whilst SEM was used principally to observe the fracture surfaces of the
specimens after creep testing.

TEM was carried out to analyse the chemical

compositions of the carbide precipitates.

3.3.1 Optical Microscopy
The specimens for optical microscopy were cut from actual welds and heat treated
samples using a diamond wheel. The specimens were mounted in bakelite for easy
handling, and were prepared for metallographic observation according to a standard
metallographic sample preparation procedure. The samples were automatically ground
until plane using 220 SiC grit paper with water as lubricant and coolant. A Struers
Rotopol-1 with a Struers Pedemet attachment was used for this grinding stage. Rough
polishing was conducted with a DP-Plan cloth and 9µm diamond spray. Subsequent
fine polishing was carried out with Md-Mol cloth and 3µm diamond spray; and then
MD-Dur cloth with 1µm diamond spray.
To reveal the microstructural constituents of the specimens with sufficient contrast,
various etching reagents were employed, but the best results were obtained using
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Villella’s Reagent (Table 3.3).

The specimens were etched and viewed under a

metallurgical Leica DMR Research microscope.

Table 3.3: Chemical composition of Villella’s Reagent.

Chemical composition

Type of etching

100 ml ethanol

Dip etching for 30s

5ml HCl
1 g Picric acid
(Picric acid is mixed with ethanol then
HCl is added).
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3.3.2 Transmission Electron Microscopy
3.3.2.1

Thin foil Method

The selected region of the specimen was machined into a 3mm cylinder. Disks, 3mm in
diameter and thickness of 200 µm were prepared by first cutting with a Struers
Accutom-50 cutting machine with a slow speed SiC bladed saw. The disks were then
ground to a final thickness of 80µm using successively finer grades of SiC paper to
remove equal amounts of material from both sides of the disk (Goodhew, P.J, 1985;
William, D.B and Carter, C. B., 1996). This ensured that any gross deformation from
sawing and previous grinding was removed. Disks were electrolytically polished using
a twin jet polishing Struers Tenupol 3 Jet Elotropolisher with a 4% perchloric
acid/methanol solution cooled to –40°C, operating at a total current of 160 – 180 mA.

3.3.2.2

Carbon Extraction Replication

The polished specimens were mounts etched with Villella’s reagent for approximately 1
minute until the surface became matt, and no reflections could be seen. This is slightly
over-etched compared to that used for optical imaging, but gives good results in
extraction replication. After etching, the sample was coated with carbon to a thickness
of approximately 100 °A. The surface was lightly scored into 2.5 mm squares, so that
the sections of film were the correct size for capture onto copper TEM grids. Coated
specimens were placed into Villella’s reagent for 45 minutes to float off pieces of
replicating film.

The floating replicas were transferred into a bath of 10%

methanol/water. All replicas were repeatly washed in 10 % methanol/water (Mitchell,
D.R.G and Sulaiman, S., 2006; Eleksandra Czyrska-Filemonowicz et al., 1992).

3.3.3 Scanning Electron Microscopy
Fracture surfaces of the specimens after creep testing were examined using a JOEL
JSM-6400 SEM to observe the mode of fracture.
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3.4

HARDNESS MEASUREMENTS

Microhardness measurements were carried out using a Vickers hardness testing
machine with a load of 200g for hardness profiles of the actual weld samples and
simulated samples after creep testing.

Vickers hardness measurements with 10 kg load using an Indentec hardness test
machine were made on each individual treated sample produced by dilatometry.
Hardness values recorded are the average of 10 measurements.

The hardness

measurements were conducted on samples mounted in bakelite then polished and etched
in Villella’s reagent.

Hardness profiles were determined on all specimens produced by Gleeble simulation
before and after PWHT using Vickers hardness testing machine with a 500g load. The
hardness measurements were conducted on samples mounted in bakelite after being
polished and etched in Villella’s reagent.

89

3.5

CREEP TESTING

As received P91 creep resisting steel was machined according to a standard creep test
specimens both with and without a notch, as shown in Figure 3.8 and Figure 3.9. The
creep test was carried out in accordance to ASTM E 39; Standard Test Methods for
Conducting Creep, Creep-Rupture, and Stress Rupture Tests of Metallic Materials. The
specimens were subjected to creep testing at 630°C, 650°C, 660°C and 670°C at two
different stresses, 80 MPa and 100 MPa under a vacuum environment. The selected
creep testing temperature and stress ranges are higher than those of normal service
conditions in order to accelerate creep rupture so that it occurs within practical
laboratory time scales. Nevertheless, it has been assumed that the operative creep
mechanisms are the same as those prevailing at lower stress, lower temperature service
conditions.

Gleeble simulated HAZ sub-zones (based on heat inputs of 1.6 kJ/mm and 2.4 kJ/mm)
were subjected to simulated PWHT, then machined into a standard creep test specimen
with a notch as shown in Figure 3.9. The centre of the notch was located where the
thermocouple was spot-welded during Gleeble simulations.

A notched sample was used to impose triaxial stresses that are more likely to
correspond to the stress environment at welds under actual service conditions.

The creep testing was performed in vacuum environment using Satec Creep Test
Machines as shown in Figure 3.10.

Optical microscopy, SEM and hardness measurements were carried out on specimens
after creep testing.

90

Figure 3.8:

Creep specimen without a notch for creep testing of the base material.

Figure 3.9:

Creep specimen with notch for creep testing of base material and HAZ

simulated samples.
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Figure 3.10: Equipment used for creep testing.
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CHAPTER 4

EXPERIMENTAL RESULTS
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4

EXPERIMENTAL RESULTS

This chapter presents the results of the experimental work described in Chapter 3. The
experimental results are divided into five major sections. Each section is classified in
terms of the experimental work and characterisation carried out. S ection 4.1 c overs
optical microscopy and TEM analysis on a s received P91 steel. S ection 4.2 c overs
optical microscopy and hardness test results for actual welding. S ection 4.3 g ives
optical microscopy and hardness test results for simulation heat treatments using a Theta
High Speed Dilatometer. S ection 4.4 pr esents optical microscopy and TEM, and
hardness test results for simulated sub-zones of the HAZ using a 3500 Gleeble Thermomechanical Simulator. F inally, Section 4.5 covers creep testing of as received and
simulated HAZ structures of P91 steel at 1.6 kJ/mm and 2.6 kJ/mm. This section also
presents optical microscopy, SEM and hardness tests results for samples after creep
testing.

4.1

AS RECEIVED P91 STEEL

Optical microscopy and transmission electron microscopy (TEM) of carbon extraction
replicas and thin foils as well as hardness testing were carried on a s received P91 for
analysis of the effects of dilatometer heat treatments. The as received material had an
average hardness of 224 HV10 and a structure of tempered martensite (Figures 4.1 (a)
and (a’)) with occasional large stringer-like non-metallic inclusions (Figures 4.1 (b) and
(b’)). Electron micrographs produced from carbon extraction replicas and thin foils are
shown respectively in Figures 4.2 and 4.3.
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(a)

(b)
Figure 4.1:

(a’)

(b’)

(a) and (a’): General structures of as received P91 steel. Etched: (a) 20 µm and

(a’) 10 µm. (b) and (b’): Oriented non-metallic inclusions in as received P91 steel. (b)

unetched, 20 µm and (b’) etched, 10 µm.
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(b)

(a)

(c)
Figure 4.2

(d)
Carbon extraction replicas of as received P91 steel. T he higher

magnification micrographs (b) and (d) show a mixture of coarse and fine carbides. EDS
analyses of the coarse carbides are consistent with M23Cr6 (M=Cr, Fe, Mo) (eg. particles
1, 4 and 5 in (b); and 1, 2 and 5 in (d)). The finer carbides typically contain V, Cr, and
Nb (eg. particles 2, 3, 6 and 7 in (b); and 4, 6 and 7 in (d)).
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(a)

(b)

(d)
Figure 4.3

(c)

(e)
Thin foil micrographs of as received P91 steel.: (a) overview at low

magnification; (b) and (c) at 50K; and (d) and (e) at higher magnification, 100K.
Carbides are present on boundaries and dislocations.
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4.2

ACTUAL WELDING

The rapid thermal cycle during welding introduces changes in the microstructure
between the base (or parent) material and the weld filler metal (Easterling, 1992). The
large number of parameters involved in welding; (such as chemical composition, weld
configuration, electrode type, pre- and post-heat treatment, current and voltage) increase
the difficulty of quantitative analysis of the effects of welding variables on weld
properties. The lack of a rigorous model to predict the structure of the welds and to
optimise the welding procedures led, in the current work, to the use of empirical
guidelines, largely from literature data and information from the consumable supplier
(Francis et al., 2005). Three joints were produced with heat inputs of 0.8, 1.6 and 2.4
kJ/mm.

T hese values are nominal heat inputs and some variation occurred during

multi-pass welding. In particular, the range for the highest heat input was 2.4 t o 2.6
kJ/mm and it was decided to carry out simulations using the maximum of 2.6 kJ/mm to
increase the heat input increment between the middle (1.6 kJ/mm) and upper heat
inputs. The heat input is a parameter that is used to describe the amount of energy that
is used per unit length of weld. The heat input in an important parameter because it
largely determines the extent to which the HAZ is affected by the welding process.
During welding, the current, voltage, preheat and inter-pass temperature, welding time
and travel speed were controlled and all the relevant data were entered into the welding
procedure records, see Figures A1 to A3, Appendix A. In addition, another joint was
produced based on a heat input of 1.6 kJ /mm, but with a different joint preparation.
This weld was used primarily for thermal cycle measurement in the heat affected zone,
see Figures A4 to A5, Appendix A.
The pre-heat temperature was 250ºC. T he number of passes needed to complete the
welds for a heat input of 0.8 kJ/mm was 43 and the inter-pass temperature was in the
range of 240ºC to 260ºC; for 1.6 kJ/mm, 31 passes were needed to complete the weld
and the inter-pass temperature was again in the range of 240ºC to 260ºC; and for 2.4
kJ/mm 19 passes were needed to complete the weld and the inter-pass temperature was
in the range of 240ºC to 255ºC. The number of passes needed to complete the welds
decreased from 43 to 31 to 19 as the heat input increased from 0.8 to 1.6 to 2.4 kJ/mm.
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The microstructures of actual welds after PWHT for different heat inputs were
examined by optical microscopy. Figures 4.4 to 4.6 show optical micrographs of actual
welds at heat inputs of 0.8, 1.6 and 2.4 kJ/mm at various magnifications. As heat input
increased, coarser carbides were evident and the prior austenite grain boundaries were
more clearly evident. Figures 4.7 to 4.9 show the hardness profiles of the actual
weldments for the heat inputs of 0.8, 1.6 and 2.4 kJ/mm respectively. Figure 4.10
shows the superimposed hardness profiles for all three heat inputs.

The average

hardness values for the sub-zones of the HAZ for the three heat inputs are shown in
Figure 4.11.
Figures 4.12 and 4.13 show measurements of the width of the HAZ sub-zones and/or
the total HAZ width as a function of heat input. Figure 4.12 is based on microscopic
examination and should be assessed with the knowledge that it is very difficult in this
alloy to clearly define the outer boundary of the HAZ, as the grain refined and intercritical sub-zones are not clearly distinguishable from the normalised and tempered base
plate. O n the other hand, Figure 4.13 is based on t he width of the hardness gradient
from the average hardness level in the weld metal to that of the base plate. This method
is quite sensitive to the actual distance over which the base plate is heat affected, but it
only applies to the HAZ width at the position of the hardness profile. The microscopic
method allowed the average width to be determined.
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4.2.1 Structural analysis of actual weld

(a) Overall view

(b)PM

(c) IC

(d) GR

(e) GC
Figure 4.4

(f) WM
Photomicrographs of the actual weld and HAZ at a heat input of 0.8

kJ/mm, after PWHT. The magnification markers represent: (a) 380µm, (b), (c), (d), (e)
and (f) were 10 µm. The arrow in (a) shows the sequence of the region in (b) to (f).
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(a) Overall view

(b)PM

(c) IC

(d) GR

(e) GC
Figure 4.5:

(f) WM
Photomicrographs of the actual weld and HAZ at a heat input of 1.6

kJ/mm, after PWHT. The magnification markers represent: (a) 380µm; (b), (c), (d), (e)
and (f) were 10 µm. The arrow in (a) shows the sequence of the region in (b) to (f).
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(a) Overall view

(b) PM

(c) IC

(d) GR

(e) GC

(f) WM

Figure 4.6:

Photomicrographs of the actual weld and HAZ at a heat input of 2.4

kJ/mm, after PWHT. The magnification markers represent: (a) 380 µm; (b), (c), (d), (e)
and (f) were 10 µm. The arrow in (a) shows the sequence of the region in (b) to (f).
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4.2.2 Hardness Testing
350
300

HV0.2

250
200
150
100
Hardness
(HV0.2)

50
0
0

5

10

15

20

Distance from centre of WM to PM (mm)
Figure 4.7:

Hardness profile (HV0.2) at the mid-section of the weld metal for a heat

input of 0.8 kJ/mm.
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Figure 4.8:

Hardness profile (HV0.2) at the mid-section of the weld metal for a heat

input of 1.6 kJ/mm.
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Figure 4.9:

Hardness profile (HV0.2) at the mid-section of the weld metal for a heat

input of 2.4 kJ/mm.
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Figure 4.10: Hardness profiles (HV0.2) at the mid-section of the weld metal for the
heat inputs 0.8, 1.6 and 2.4 kJ/mm.
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Figure 4.11: Average hardness values (HV0.2) for the sub-zones of the HAZ at heat
inputs of 0.8, 1.6 and 2.4 kJ/mm.
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Figure 4.12: The average size of the sub-zones of the HAZ determined by
microstructural examination.
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Figure 4.13
profiles.

The width of the HAZ as a function of heat input determined by hardness
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4.3

DILATOMETER HEAT TREATMENTS

4.3.1 CONTINUOUS COOLING TRANSFORMATION (CCT)
The evolution of the microstructure on nor malising can be investigated by using a
continuous cooling transformation diagram based on cooling at selected rates from the
normalising temperature. Figure 4.16 shows the CCT diagram, based on normalising at
1050°C for 0.5 h, reported by Vallourec and Mannesmann (1999) for the P91 steel
investigated. Superimposed on this diagram are those cooling paths used in dilatometer
treatments in the current work. The measured Ms and Mf temperatures are recorded for
the three cooling rates for comparison with the Vallourec and Mannesmann diagram. A
typical dilatometer curve is shown in Figure B1, Appendix B and the derived dΔ/dT
curve used to determine the Ms and Mf temperatures is shown in Figure B2, appendix
B.
Figure 4.14 shows optical micrographs of the microstructures generated for dilatometer
cooling rates of 0.1°C/s, 1°C/s and 10°C/s, together with a furnace treated specimen
cooled at 0.01°C/s and a rapidly water quenched (WQ) specimen (~300°C/s). A t the
slowest cooling rate diffusional products are formed that consist of equiaxed ferrite and
dispersed, coarse alloy carbides, as shown in Figure 4.14 (a). For the cooling rates of
0.1°C/s, 1°C/s martensitic structure is present together with some fine carbides, Figure
4.14 (b) and (c). These relatively slow cooling rates evidently allow autotempering of
the martensite. Figure 4.14 for 10°C/s shows a martensite structure with little evidence
of carbide precipitation.
The hardness values obtained for the three cooling rates used in the dilatometer,
together with the hardnesses of a furnace treated sample cooled at 0.01°C/s and a
rapidly water quench (WQ) specimen (~300°C) are plotted in Figure 4.15.
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4.3.1.1

Structural Analysis

(a) CR 0.01°C/s

(b) CR 0.1°C/s

(c) CR 1°C/s

(d) CR 10°C/s

(e) CR 300°C/s

Figure 4.14: Micrographs of structures developed for cooling rates of (a) 0.01°C/s; (b)
0.1°C/s; (c) 1°C/s; (d) 10°C/s and (e) 300°C/s. Samples heated at 50°C/s to 1050°C and
held for 0.5 h before cooling at indicated rate. The marker is 10 µm.
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4.3.1.2

Hardness Testing and Transformation Temperatures
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Figure 4.15

Hardness as a function of cooling time from 1050°C to 50°C after

holding at 1050ºC for 0.5 h. S pecimens were cooled at rates 0.01°C/s, 0.1°C/s, 1°C/s,
10°C/s and 300°C/s.

Figure 4.16: CCT diagram for P91 steel (Vallourec and Mannesmann, 1999) for
normalising at 1050ºC for 0.5 h. The broken curves are cooling paths for dilatometer
treatments conducted in the current work. T he filled circles and squares respectively
denote the measured Ms and Mf temperatures.
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4.3.2 EFFECT OF HOLD TIME AT PEAK TEMPERATURE OF
1050°C
The purpose of this investigation was to assess the effect of holding time at 1050°C on
the condition of the austenite (hardness, grain size, extent of solution of precipitates and
homogeneity) on t he subsequent transformation to martensite on cooling at a constant
rate of 1°C/s.
Figure 4.17 (Section 4.3.2.1) shows optical micrographs of dilatometer samples
subjected to a peak temperature of 1050°C and holding times of 3 s, 18 s, 3 min and 30
min. T he heating rate to 1050°C was 50°C/s and the cooling rate was 1°C/s. All the
microstructures show a martensitic structure, but the prior austenite grain size increases
with increasing holding time.
Figure 4.18 (Section 4.3.2.2) shows the mean hardness (HV10) for hold times of 3 s, 18
s, 3 min and 30 min. The hardness increases slightly as the holding time is increased,
although the change is not statistically significant.
Finally, Figure 4.19 (a) (Section 4.3.2.3) consists of a plot of MS and MF temperatures
as a function of hold time at 1050°C and Figure 4.19 (b) which confirms that the Ac1
and Ac3 temperatures are independent of hold time, depending only on the heating rate
of 50°C/s.

110

4.3.2.1

Structural analysis

(a) Held for 3 s

(b) Held for 18 s

(c) Held for 3 min
(d) Held for 30 min
Figure 4.17: Micrographs of samples heated to 1050°C at 50°C/s and cooled at 1°C/s
after holding for (a) 3 s; (b) 18 s; (c) 3 min and (d) 30 min. The marker is 10 µm.
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4.3.2.2

Hardness Testing and Transformation Temperatures
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Figure 4.18: Mean hardness (HV10) for hold times of 3 s , 18 s, 3 m in and 30 m in.
Specimen heated at 50°C/s to peak temperature of 1050°C and cooled at 1°C/s. E rror
bars indicate ± 1 standard deviation.
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Figure 4.19: (a) Ms and Mf temperatures and (b) Ac1 and Ac3 temperatures for hold
times of 3 s, 18 s, 3 min and 30 min. Specimen heated at 50°C/s to peak temperature of
1050°C and cooled at 1°C/s.
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4.3.3 CONTINUOUS HEATING TRANSFORMATION (CHT)
Figure 4.20 consists of micrographs of samples heated to 1050°C at rates of (a) 0.5°C/s;
(b) 5°C/s; (c) 25°C/s and (d) 50°C/s, then held for 2 s . The cooling rate was 15°C/s.
The structures are martensitic with some dispersed carbides.

Figure 4.21 shows

hardness values (HV10) for samples heated to 1050°C for 2 s at heating rates of 0.5°C/s,
5°C/s, 25°C/s and 50°C/s and cooled at 15°C/s. Hardness increased as the heating rates
increased. Figure 4.22 shows AC1 and AC3 values for the different heating rates and
Figure 4.23 shows the corresponding Ms and Mf temperatures. The peak temperature
was 1050°C and the holding time was 2 s. The AC1 and AC3 temperatures increased as
the heating rate increased. T he Ms temperature fell as the heating rate was reduced.
Figure 4.24 shows the partial CHT diagram of P91 steel for the selected heating rates.
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4.3.3.1

Structural analysis

(a) HR 0.5°C/s

(b) HR 5°C/s

(c) HR 25°C/s

(d) HR 50°C/s

Figure 4.20: Micrographs of samples heated to 1050°C at rates of (a) 0.5°C/s; (b)
5°C/s; (c) 25°C/s and (d) 50°C/s, held for 2 s and cooled at 15°C/s. The marker is 10
µm.
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4.3.3.2

Hardness Testing and Transformation Temperatures
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Figure 4.21: Hardness values (HV10) of for samples heated to 1050°C at heating rates
of 0.5°C/s, 5°C/s, 25°C/s and 50°C/s, held for 2 s, then cooled at 15°C/s.
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Figure 4.22: AC1 and AC3 values for samples heated to 1050°C at heating rates of
0.5°C/s, 5°C/s, 25°C/s and 50°C/s, held for 2 s, then cooled at 15°C/s.
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Figure 4.23: MS and MF temperatures for samples heated to 1050°C at heating rates of
0.5°C/s, 5°C/s, 25°C/s and 50°C/s, held for 2 s, then cooled at 15°C/s.
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Figure 4.24: Continuous heating transformation diagram for samples heated to
1050°C at heating rates of 0.5°C/s, 5°C/s, 25°C/s and 50°C/s, held for 2 s, then cooled
at 15°C/s. The dashed heating rate of 170°C/s is the Gleeble rate which is based on the
actual thermal profile.

In this case heating was commenced from the pre-heat

temperature of 250°C, rather than room temperature.
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4.3.4 DILATOMETER SIMULATED SUB-ZONE STRUCTURES
Simulated sub-zones structures with and without PWHT were produced using
dilatometer heating to peak temperatures of 850°C, 900°C, 1000°C, 1200°C and
1400°C at a heating rate of 50°C/s, then holding for 1 s and cooling at 15°C/s. These
conditions were chosen to mimic as closely as possible the thermal profile measured for
actual welds at a heat input of 1.6 kJ/mm and an inter-pass temperature of about 250°C
(see Figure A2, Appendix A). The average cooling rate between 800°C and 500°C was
about 15°C/s (t
for 30 m in.

8-5

= 21s). Post weld heat treatment (PWHT) was conducted at 760°C

Figure 4.25 shows optical micrographs of (a) as received P91; and

simulated samples heated to peak temperatures of (b) 850°C and (c) 900°C.
Micrographs (b’) and (c’) show structure after PWHT (760°C, 30 m in). Figure 4.26
shows optical micrographs of simulated samples for peak temperatures of (d) 1000°C,
(e) 1200°C, (f) 1400°C, and (d’), (e’), (f’) after PWHT (760°C, 30 min).
The hardness increased as the peak temperature was increased. After PWHT, the
hardness values decreased as shown in Figure 4.27. Figure 4.27 shows the hardness
values for peak thermal cycle temperatures (Tp) of 850°C, 900°C, 1000°C, 1200°C and
1400°C, and also after PWHT.
The Ac1 and Ac3 temperatures are shown in Figure 4.28; and Figure 4.29 shows Ms and
Mf temperatures for peak temperatures of 900°C, 1000°C, 1200°C and 1400°C for
samples heated at 50°C/s, held for 1 s and cooled at 15°C/s. It was observed that no
transformation occurred at the peak temperature of 850°C.
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4.3.4.1

Structural analysis

(a) as received P91

(b) Tp=850°C

(b’) Tp=850°C + PWHT

(c) Tp=900°C

(c’) Tp=900°C + PWHT

Figure 4.25: Micrographs of (a) as received P91; simulated samples heated to peak
temperatures of (b) 850°C and (c) 900°C. (b’) and (c’) show the effect of simulated
PWHT (760°C, 30 min). The marker is 10 µm.
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(d) Tp=1000°C

(d’) Tp=1000°C + PWHT

(e) Tp=1200°C

(e’) Tp=1200°C + PWHT

(f) Tp=1400°C

(f’) Tp=1400°C + PWHT

Figure 4.26: Micrographs of simulated samples at peak temperature of (d) 1000°C, (e)
1200°C, (e) 1400°C. (d ’), (e’), (f’) show the effect of simulated PWHT (760°C , 30
min). The marker is 10 µm.
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4.3.4.2

Hardness Testing and Transformation Temperature
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Figure 4.27: Hardness versus peak thermal cycle temperature Tp. T he broken
horizontal line indicates the average hardness of the as supplied pipe steel.
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Figure 4.28: AC1 and AC3 values for heating to peak temperatures of 900°C, 1000°C,
1200°C and 1400°C at a heating rate of 50°C/s.
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Figure 4.29: MS and MF temperatures for peak temperatures of 850°C, 900°C,
1000°C, 1200°C and 1400°C at a heating rate of 50°C/s, holding for 1 s and cooling at
15°C/s.
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4.4

GLEEBLE SIMULATED SUB-ZONE STRUCTURES

4.4.1 Simulated HAZ sub-zone structures with and without simulated
PWHT.
HAZ sub-zones structures were simulated using a 3500 Gleeble thermo-mechanical
simulator, based on heat inputs of 1.6 kJ/mm and 2.6 kJ/mm.
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Figure 4.30: Measured thermal cycles for Gleeble simulations corresponding to (a) HI
= 1.6 kJ/mm; and (b) HI = 2.6 kJ/mm.
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Optical microscopy results are shown in Figures 4.31 and 4.41 for heat inputs of 1.6
kJ/mm and 2.6 kJ/mm respectively.
Figures 4.32 to 4.34 show carbon extraction replicas of as simulated sub-zone
structures and also simulated sub-zone structures after PWHT (1.6 kJ/mm heat input).
Most of the extracted carbides contained Cr, Fe and Mo. T he coarse carbides are
mainly chromium-rich carbides (M23Cr6), whereas the finer carbide contain of V, Cr and
Nb.

Figure 4.32 shows carbon extraction replicas of simulated ICHAZ and also

simulated ICHAZ after PWHT; and Figure 4.33 is representative of samples with a
simulated GRHAZ and a simulated GRHAZ after PWHT.

Figure 4.34 for the

simulated GCHAZ completes the set of extraction replicas.
Figures 4.35 to 4.37 show thin foil TEM micrographs of simulated ICHAZ, GRHAZ
and GCHAZ after PWHT (1.6kJ/mm heat input).
Figures 4.42 to 4.44 show carbon extraction replicas of the three simulated sub-zones
before and after simulated PWHT, corresponding to a heat input of 2.6 kJ/mm.
Figures 4.38 to 4.40 give hardness profiles for simulated ICHAZ, GRHAZ and
GCHAZ, with and without simulated PWHT, for a heat input of 1.6 kJ /mm. Figures
4.48 to 4.50 show the corresponding hardness profiles associated with a simulated heat
input of 2.6 kJ/mm.
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4.4.2

Simulated 1.6 kJ/mm Heat Input

4.4.2.1

Optical Microscopy

(a)

(a’)

(b)

(b’)

(c)
Figure 4.31:

Microstructures of simulated sub-zones: (a) simulated IC (868ºC), (b) simulated

GR (1008ºC), (c) simulated GC (1367ºC) for a heat input of 1.6 kJ/mm. (a’), (b’) and (c’) show
corresponding microstructures after PWHT. Marker is 10µm.

(c’)
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4.4.2.2

Electron Micrographs of Extraction Replicas and Thin
Foils

(a)

(b)

(a’)

(b’)

Figure 4.32

(a) and (b): Carbon extraction replicas of simulated ICHAZ for heat

input of 1.6 kJ/mm. Most of the alloy carbide particles contain Cr, Fe and Mo. T he
coarse carbides are mainly chromium-rich carbides M23C6 (M = Cr, Fe, Mo) (e.g.
particles 1, 2, 3, 4 and 5 i n (b)). (a’) and (b’): Carbon extraction replicas of the
simulated ICHAZ after PWHT at 760ºC. A mixture of coarse and fine carbides is
present. The coarse carbides consist of M23Cr6 (M = Cr, Fe, Mo) (e.g. particle 1 in (b’));
and finer carbides are rich in V, Cr, and Nb (eg. particles 2, 3 and 4 in (b’))
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(a) Marker 2 µm

(b) Marker 0.2 µm

(a’) Marker 2 µm

(b’) Marker 0.2 µm

Figure 4.33

(a) and (b): Carbon extraction replicas of simulated GRHAZ for heat

input of 1.6 kJ/mm. Most of the carbides contain Cr, Fe and Mo. The coarse carbides
are mainly M23C6 (M=Cr, Fe, Mo) (e.g. particle 3 in (b)). Finer carbides consist of V,
Cr, and Nb (e.g. particles 1, 2 and 4 in (b)). (a’) and (b’): Carbon extraction replicas of
the simulated GRHAZ after PWHT at 760ºC. C oarse carbides are M23C6 (M= Cr, Fe,
Mo) (e.g. particles 3, 5 and 6) in (b’) and fine carbides containing of V, Cr, and Nb (e.g.
particles 1, 2 and 4 in (b’)) are present.
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(a)

(b)

(a’)

(b’)

Figure 4.34

(a) and (b): Carbon extraction replicas of simulated GCHAZ for heat

input of 1.6 kJ/mm. Coarse carbides have dissolved in austenite but fine carbides have
formed by autotempering on s ubsequent cooling (b). ( a’) and (b’): Carbon extraction
replicas of the simulated GCHAZ after PWHT at 760ºC. Note coarse carbides in (b’),
(Cr, Fe, Mo)23 C6 (e.g particles 1, 2 and 4) and finer carbides principally containing V
and Nb.
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(a)

(b)

(d)
Figure 4.35

(c)

(e)
Thin foil micrographs of simulated ICHAZ after PWHT corresponding

to a heat input of 1.6 kJ /mm. The magnifications are: (a) 25K; and (b) and (c), 50K;
and (d) and (e), 100K.
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(a)

(b)

(d)
Figure 4.36

(c)

(e)
Thin foil micrographs of simulated GRHAZ after PWHT corresponding

to a heat input of 1.6 kJ /mm. The magnifications are: (a) 25K; and (b) and (c), 50K;
and (d) and (e), 100K.
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(a)

(b)

(d)
Figure 4.37

(c)

(e)
Thin foil micrographs of simulated GCHAZ after PWHT corresponding

to a heat input of 1.6 kJ /mm. The magnifications are: (a) 25K; and (b) and (c), 50K;
and (d) and (e), 100K.
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4.4.2.3

Hardness Profiles
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Figure 4.38: Hardness profiles for simulated ICHAZ and simulated ICHAZ after
PWHT (1.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the
simulated zone where the thermocouple was placed.
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Figure 4.39: Hardness profiles for simulated GRHAZ and simulated GRHAZ after
PWHT (1.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the
simulated zone where the thermocouple was placed.
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Figure 4.40: Hardness profiles for simulated GCHAZ and simulated GCHAZ after
PWHT (1.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the
simulated zone where the thermocouple was placed.
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4.4.3

Simulated 2.6 kJ/mm Heat Input

4.4.3.1

Optical Microscopy

(a)

(a’)

(b)

(b’)

( c)
Figure 4.41:

(c’)
Microstructures of simulated sub-zones: (a) simulated IC (868ºC), (b) simulated

GR (1008ºC), (c) simulated GC (1367ºC) for a heat input of 2.6 kJ/mm. (a’), (b’) and (c’) are
for thermal cycle for simulation + PWHT. Marker is 10µm.
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4.4.3.2

Electron Micrographs of Extraction Replicas and Thin
Foils

2

1
(a)

(b)

(a’)

(b’)

Figure 4.42

(a) and (b): Carbon extraction replicas of simulated ICHAZ for heat

input of 2.6 kJ/mm. Most of the alloy carbide particles contain Cr, Fe and Mo. T he
coarse carbides are mainly chromium-rich carbides M23C6 (M=Cr, Fe, Mo) (e.g. particle
2 in (b)). Finer carbides consist of V, Cr carbides (e.g. particle 1 in (b)). (a’) and (b’):
Carbon extraction replicas of the simulated ICHAZ after PWHT at 760ºC. A mixture of
coarse and fine carbides is present. T he coarse carbides are chromium-rich carbides
M23C6 (e.g. particles 2, 3 a nd 5 i n (b’)) and the finer carbides contain V, Cr, and Nb
(e.g. particles 1, 4, 6 and 7 in (b’)).
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(a)

(b)

3
2

1

(b’)

(a’)
Figure 4.43

(a) and (b): Carbon extraction replicas of simulated GRHAZ for heat

input of 2.6 kJ/mm. Most of the alloy carbide particles contain Cr, Fe and Mo. T he
coarse carbides are mainly chromium-rich carbides M23C6 (e.g. particles 4, 6 a nd 7 in
(b)) and the finer carbides contain V, Nb, and Cr (e.g. particles 1, 2, 3 and 5 in (b). (a’)
and (b’): Carbon extraction replicas of the simulated GRHAZ after PWHT at 760ºC.
Coarse carbides are mainly chromium-rich carbides (e.g. particle 1 in (b’)) and finer
carbides principally containing V and Nb (e.g. particles 2 and 3 in (b’)).
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(a)

(b)

(a’)

(b’)

Figure 4.44

(a) and (b): Carbon extraction replicas of simulated GCHAZ for heat

input of 2.6 kJ/mm. C oarse carbides have dissolved in austenite but fine carbides are
formed by autotempering on s ubsequent cooling (b). ( a’) and (b’): Carbon extraction
replicas of the simulated GCHAZ after PWHT at 760ºC. C oarser carbides are
chromium-rich (e.g. particles 1, 2, 5 a nd 6 i n (b’)) and finer carbides principally
containing V and Nb (e.g. particles 3, 4 and 7 in (b’).
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(a)

(b)

(d)
Figure 4.45

(c)

(e)
Thin foil micrographs of simulated ICHAZ after PWHT corresponding

to a heat input of 2.6 kJ /mm. The magnifications are: (a) 25K; and (b) and (c), 50K;
and (d) and (e), 100K.
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(a)

(b)

(d)
Figure 4.46

(c)

(e)
Thin foil micrographs of simulated GRHAZ after PWHT corresponding

to a heat input of 2.6 kJ /mm. The magnifications are: (a) 25K; and (b) and (c), 50K;
and (d) and (e), 100K.

140

(a)

(b)

(d)
Figure 4.47

(c)

(e)
Thin foil micrographs of simulated GCHAZ after PWHT corresponding

to a heat input of 2.6 kJ /mm. The magnifications are: (a) 25K; and (b) and (c), 50K;
and (d) and (e), 100K.
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4.4.3.3

Hardness profiles
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Figure 4.48: Hardness profiles for simulated ICHAZ and simulated ICHAZ after
PWHT (2.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the
simulated zone where the thermocouple was placed.
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Figure 4.49: Hardness profiles for simulated GRHAZ and simulated GRHAZ after
PWHT (2.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the
simulated zone where the thermocouple was placed.
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Figure 4.50: Hardness profiles for simulated GCHAZ and simulated GCHAZ after
PWHT (2.6 kJ/mm, PWHT at 760°C for 2.5 h). The broken line is the centre line of the
simulated zone where the thermocouple was placed.
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4.5

CREEP TESTING

Creep tests were carried out for as received P91 steel at two different stresses, 80 MPa
and 100 MPa and for temperatures in the range 630°C to 670°C. The creep specimens
were prepared for testing under both uniaxial stress (un-notched) and multi-axial
stresses (notched). The results are shown in Table 4.1.
Figures 4.51 show the time to rupture graph for as received P91 (un-notched and
notched test pieces) at 80 MPa and 100 MPa. Figures 4.52 to 4.54 show macrographs
of failed creep test pieces of as received P91.

Figures 4.55 to 4.62 present

microstructures in cross-sections of fractured creep specimens for 80 MPa and 100
MPa. Figures 4.63 to 4.70 show fractography of as received P91 after creep testing at
a temperature of 630ºC, and stresses of 80 M Pa and 100 M Pa. Figures 4.71 to 4.72
show hardness profiles of as received P91 after creep testing at 630°C, 650°C, 660°C
and 670°C at stresses of 80 MPa and 100 MPa.
Notched (multi-axial) creep tests were carried out on samples subjected to a simulated
weld thermal cycle followed by a simulated PWHT (corresponding to heat inputs of 1.6
and 2.6 kJ /mm). T he stress was 100 M Pa and the test temperature was 630°C. Th e
creep test results for simulated HAZ structures followed by PWHT at heat inputs 1.6
and 2.6 kJ/mm are given in Table 4.2.
Figure 4.73 shows the time to rupture graph for as received P91 (notched and unnotched test pieces) and of simulated sub-zones HAZ (notched test pieces) for heat
inputs of 1.6 kJ/mm and 2.6 kJ/mm at stress of 100 MPa. Figures 4.74 to 4.75 consist
of macrographs of failed creep test pieces of simulated HAZ sub-zones for heat inputs
of 1.6 and 2.6 kJ/mm. Figures 4.76 to 4.80 show microstructures of simulated (HI 1.6
kJ/mm) creep samples. Figures 4.81 to 4.85 correspond to the simulated (HI 2.6
kJ/mm) creep samples. Figures 4.86 to 4.91 record fractographs of the simulated creep
samples. Finally, Figures 4.92 to 4.95 show hardness profiles for simulated (HI 1.6 and
2.6 kJ/mm) creep samples.
The details of the experiments are described in Chapter 3.
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4.5.1 AS RECEIVED P91 STEEL
4.5.1.1

Creep test results

Table 4.1:

Creep tests of as received P91 steel at 80 MPa and 100 MPa for the
indicated temperatures.

Test

Stress

Temperature

Time

Reduction

Elongation

Number

(MPa)

(°C)

(hr)

Area (%)

(%)

1

80

630°C

5000

56

17

2

80

650°C

927

85

26

3

80

660°C

248

90

26

4

80

670°C

126

92

33

5

100

630°C

566

90

31

6

100

650°C

200

92

28

7

100

660°C

94

90

28

8

100

670°C

27

91

30

1*

80

630°C

1508#

-

-

5*

100

630°C

2988

34

3

Note
* indicates a multi-axial (notched) test
# indicates that the test piece did not rupture
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Figure 4.51: Time to rupture graph for as received P91 (un-notched and notched test
pieces) at 80 MPa and 100 MPa. Note that the notched specimen for 80 MPa did not
rupture within 1500 hr and the test was interrupted.
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4.5.1.2

Macro-photographs of failed creep test pieces

Test 1

Test 2

(b)

(a)

Test 3

Test 4

(c)
Figure 4.52: Photographs of fractured un-notched test pieces after creep testing at 80
MPa. ( a) 630°C, fracture time 5000 h; (b) 650°C, fracture time 927 h ; (c) 660°C,
fracture time 248 h; and (d) 670°C, fracture time 126 h.

(d)
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Test 5

Test 6

(a)

(b)

Test 7

(c)

Test 8

(d)

Figure 4.53: Photographs of fractured un-notched test pieces after creep testing 100
MPa. (a) 630°C, fracture time 566 h; (b) 650°C, fracture time 200 h; (c) 660°C, fracture
time 94 h; and (d) 670°C, fracture time 47 h.
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Test 1*

Test 5*

(a)

(b)

Figure 4.54: Photographs of notched test pieces after creep testing at a t est
temperature of 630°C. (a) 80 MPa, un-ruptured (b) 100 MPa, fracture time 2988 h.
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4.5.1.3

Microstructures at cross-sections of fractured creep
samples, 80 MPa and 100 MPa

(a)

(b)

(c)

(d)

(e)

Figure 4.55: Microstructures of as received P91 steel after creep testing at a stress 80 MPa
and a t est temperature 630°C; (a) and (b) unetched section of fractured surface. M arker
indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and cracking close
to the fracture surface. Marker indicates 10 µm.
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(a)

(b)

(c)

(d)

(e)

Figure 4.56: Microstructures of as received P91 steel after creep testing at a stress 80
MPa and test temperature 650°C. (a) and (b) unetched section of fractured surface.
Marker indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and
cracking close to the fracture surface. Marker indicates 10 µm.

151

(a)

(b)

(c )

(d)

(e)

Figure 4.57 Microstructures of as received P91 steel after creep testing at a stress 80
MPa and test temperature 660°C. (a) and (b) unetched section of fractured surface.
Marker indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and
cracking close to the fracture surface. Marker indicates 10 µm.

152

(a)

(b)

(c)

(d)

(e)

Figure 4.58: Microstructures of as received P91 steel after creep testing at a stress 80
MPa and test temperature 670°C. (a) and (b) unetched section of fractured surface.
Marker indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and
cracking close to the fracture surface. Marker indicates 10 µm.
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(a)

(b)

( c)

(d)

(e)

Figure 4.59: Microstructures of as received P91 steel after creep testing at a stress 100
MPa and test temperature 630°C. (a) and (b) unetched section of fractured surface.
Marker indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and
cracking close to the fracture surface. Marker indicates 50 µm (c) and 10 µm in (d) and
(e).
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(a)

(b)

(c)

(d)

(e)

Figure 4.60: Microstructures of as received P91 steel after creep testing at a stress 100
MPa and test temperature 650°C. (a) and (b) unetched section of fractured surface.
Marker indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and
cracking close to the fracture surface. Marker indicates 10 µm.
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(a)

(b)

(c)

(d)

(e)

Figure 4.61: Microstructures of as received P91 steel after creep testing at a stress 100
MPa and test temperature 660°C. (a) and (b) unetched section of fractured surface.
Marker indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and
cracking close to the fracture surface. Marker indicates 10 µm.
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(a)

(b)

Figure 4.62: Microstructures of as received P91 steel after creep testing at a stress 100
MPa and test temperature 670°C. (a) and (b) unetched section of fractured surface.
Marker indicates 380 µm (a) and 50 µm in (b). (c), (d), and (e) show creep cavities and
cracking close to the fracture surface. Marker indicates 10 µm.

(c)
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4.5.1.4

Fractography of Creep Samples

4.5.1.4.1

As received P91 after creep testing at 80 MPa

(a) Test 1 (630°C 80 MPa)

(b) Test 1 (630°C 80 MPa)

(c ) Test 1 (630°C 80 MPa)

(d) Test 1 (630°C 80 MPa)

Figure 4.63: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 630°C and a stress of 80 M Pa. M agnification marker: (a) 1200 µm, (b) 23
µm, (c) 9 µm and (d) 5 µm.
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(a) Test 2 (650°C 80 MPa)

(b) Test 2 (650°C 80 MPa)

(c) Test 2 (650°C 80 MPa)

(d) Test 2 (650°C 80 MPa)

Figure 4.64: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 650°C and a stress of 80 M Pa. M agnification marker: (a) 1200 µm, (b) 23
µm, (c) 9 µm and (d) 5 µm.
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(a) Test 3 (660°C 80 MPa)

(b) Test 3 (660°C 80 MPa)

(c) Test 3 (660°C 80 MPa)

(d) Test 3 (660°C 80 MPa)

Figure 4.65: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 660°C and a stress of 80 MPa. Micrographs show deep voids and plastic
flow. Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm bar and (d) 5 µm.
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(a) Test 4 (670°C 80 MPa)

(b) Test 4 (670°C 80 MPa)

(c) Test 4 (670°C 80 MPa)

(d) Test 4 (670°C 80 MPa)

Figure 4.66: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 670°C and a stress of 80 M Pa. M icrographs show large and small void.
Extensive void formation evident. Magnification marker: (a) 1200 µm, (b) 23 µm, (c)
9 µm and (d) 5 µm.
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4.5.1.4.2

As received P91 after creep testing at 100 MPa

(a) Test 5 (630°C 100 MPa)

(b) Test 5 (630°C 100 MPa)

(c) Test 5 (630°C 100 MPa)

(d) Test 5 (630°C 100 MPa)

Figure 4.67: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 630°C and a stress of 100 MPa. Micrographs show large and small voids and
also plastic flow. Magnification marker: (a) 1200 µm, (b) 23 µm (c), 9 µm and (d) 5
µm.
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(a) Test 6 (650°C 100 MPa)

(b) Test 6 (650°C 100 MPa)

(c) Test 6 (650°C 100 MPa)

(d) Test 6 (650°C 100 MPa)

Figure 4.68: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 650°C and a stress of 100 MPa. Micrographs show large and small voids and
also plastic flow. Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5
µm.
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(a) Test 7 (660°C 100 MPa)

(b) Test 7 (660°C 100 MPa)

(c) Test 7 (660°C 100 MPa)

(d) Test 7 (660°C 100 MPa)

Figure 4.69: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 660°C and a stress of 100 MPa. Micrographs show large and small voids and
also plastic flow. Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5
µm. Note: The diameters of the carbides on t he surface are about 0.3-0.4 µm and
consistent with carbides shown in Figure 4.2.
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(a) Test 8 (670°C 100 MPa)

(b) Test 8 (670°C 100 MPa)

(c) Test 8 (670°C 100 MPa)

(d) Test 8 (670°C 100 MPa)

Figure 4.70: SEM micrographs of creep fracture surface of as received P91 steel after
testing at 670°C and a stress of 100 M Pa. M icrographs show large and small voids.
Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5 µm.
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4.5.1.5

Hardness testing
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Figure 4.71: Hardness profiles of as received P91 after creep testing at 630°C, 650°C,
660°C and 670°C at a stress of 80 MPa.
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Figure 4.72: Hardness profiles of as received P91 after creep testing at 630°C, 650°C,
660°C and 670°C at a stress of 100 MPa.
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4.5.2

SIMULATED HAZ STRUCTURES AT 1.6 kJ/mm and 2.6
kJ/mm

4.5.2.1

Creep test results

Table 4.2:

Creep tests on simulated ICHAZ, GRHAZ and GCHAZ at 100 MPa and
630°C

Test

Simulated

Number

Heat Input

HAZ

Time

Reduction

Elongation

(hr)

Area (%)

(%)

(kJ/mm)
9

1.6

IC

1843

49

4

10

1.6

GR

89

82

11

11

1.6

GC

4500

0.25(8.1)**

1.75

12

2.6

IC

215

66

6

13

2.6

GR

64

83

11

14

2.6

GC

5418

0(27)**

5.3

Noted:
** indicates failure in un-notched shank (bracketed RA is for shank)
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680

Un-notched AR, 100
MPa
IC-1.6

Temperature, ºC

670

GR-1.6

660

GC-1.6

650

IC-2.6
GR-2.6

640

GC-2.6

630

Notched AR, 100 MPa

620
10

100

1000

10000

Rupture Time (Hour)

Figure 4.73: Time to rupture graph for P91 as received (AR) material (notched and
un-notched test pieces) and and simulated sub-zones HAZ for heat inputs of 1.6 and 2.6
kJ/mm (notched test pieces). Creep stress = 100 MPa.
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4.5.2.2

Micrograph of failed creep test pieces (simulated HAZ;
heat inputs of 1.6 and 2.6 kJ/mm)

Test 9

(a)

Test 10

(b)

Test 11
(c)
Figure 4.74: Photographs of fractured creep samples of simulated ICHAZ (a) and
GRHAZ (b) which show that fracture occurred in the notched region on creep testing.
For the GCHAZ sample (c) fracture occurred outside the notch. T he structures were
simulated based on 1.6 kJ/mm heat input.
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Test 12

(a)

Test 13

(b)

Test 14

(c)
Figure 4.75: Photographs of fractured creep samples of simulated ICHAZ (a) and
GRHAZ (b) which show that fracture occurred in the notched region on creep testing.
For the GCHAZ sample (c) fracture occurred outside the notch. T he structures were
simulated based on 2.6 kJ/mm heat input.
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4.5.2.3

Microstructural analysis of creep samples (simulated
HAZ; heat inputs of 1.6 and 2.6 kJ/mm)

(a)

(b)

(c)

(d)
(e)
Figure 4.76: Microstructures of simulated ICHAZ after creep testing. U netched: (a)
380 µm and (b) 100 µm; and etched: (c) 50 µm, (d) and (e) 10 µm. The structures were
simulated based on 1.6 kJ/mm heat input.

171

(a)

(b)

(c)

(d)
(e)
Figure 4.77: Microstructures of simulated GRHAZ after creep testing. Unetched: (a)
380 µm; and etched: (b) 50 µm, (c), (d) and (e) 10 µm. The structures were simulated
based on 1.6 kJ/mm heat input.
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(a)

(b)

(c)

(d)
(e)
Figure 4.78: Microstructures of simulated GCHAZ near the creep fractured area
(GR/IC shoulder zone). Unetched: (a) 380 µm; and etched: (b) 50 µm and (c ), (d) and
(e) 10 µm. The structures were simulated based on 1.6 kJ/mm heat input
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(a)

(b)

(c )

(d)
(e)
Figure 4.79: Microstructures of simulated GCHAZ in notched GC zone after creep
testing. Unetched: (a) 50 µm; and etched: (b), (c), (d) and (e) 10 µm. The structures
were simulated based on 1.6 kJ/mm heat input.
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(a)

(b)

(c)

(d)
(e)
Figure 4.80: Microstructures of simulated GCHAZ at other GR/IC region (necked but
unfractured). U netched: (a) 380 µm; and etched: (b), (c ), (d) and (e) 10 µm. T he
structures were simulated based on 1.6 kJ/mm heat input.
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(a)

(b)

(c)

(d)
(e)
Figure 4.81: Microstructures of simulated ICHAZ after creep testing. U netched: (a)
380 µm; and (b) 50 µm and etched: (c), (d) and (e) 10 µm. T he structures were
simulated based on 2.6 kJ/mm heat input.
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(a)

(b)

(c)

Figure 4.82: Microstructures of simulated GRHAZ after creep testing. Unetched: (a)
380 µm and (b) 100 µm; and etched: (c) 50 µm, (d) and (e) 10 µm. The structures were
simulated based on 2.6 kJ/mm heat input.
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(a)

(b)

(c)

(d)
(e)
Figure 4.83: Microstructures of simulated GCHAZ near creep fractured area (GR/IC
shoulder zone). Unetched: (a) 380 µm; and etched: (b) 20 µm, (c), (d) and (e) 10 µm.
The structures were simulated based on 2.6 kJ/mm heat input.
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(a)

(b)

(c)

(d)
(e)
Figure 4.84: Microstructures of simulated GCHAZ after creep testing at notched GC
zone. This region did not fracture but dispersed creep cavities are present. Unetched:
(a) 100 µm; and etched: (b), (c), (d) and (e) 10 µm. T he structures were simulated
based on 2.6 kJ/mm heat input.
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(a)

(b)

(c)

(d)
(e)
Figure 4.85: Microstructures of simulated GCHAZ samples after creep testing.
Micrographs from other GR/IC region (necked and cracked, but unfractured).
Unetched: (a) 380 µm; and etched: (b) to (e) 10 µm. T he structures were simulated
based on 2.6 kJ/mm heat input.
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4.5.2.4

Fractography of simulated creep samples

Test 9 (a)

Test 9 (b)

Test 9 (c)

Test 9 (d)

Figure 4.86: SEM micrographs of fractured simulated IC + PWHT, notched sample,
(heat input 1.6 kJ /mm), after creep testing at 630°C and a stress of 100 M Pa.
Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5 µm.
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Test 10 (a)

Test 10 (b)

Test 10 (c)

Test 10 (d)

Figure 4.87: SEM micrographs of fractured simulated GR + PWHT, notched sample,
(heat input 1.6 kJ /mm), after creep testing at 630°C and a stress of 100 M Pa.
Micrographs show large and small voids. M agnification marker: (a) 1200 µm, (b) 23
µm, (c) 9 µm and (d) 5 µm.
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Test 11 (a)

Test 11 (b)

Test 11 (c)

Test 11 (d)

Figure 4.88: SEM micrographs of fractured simulated GC + PWHT, notched sample,
(heat input 1.6 kJ/mm), after creep testing at 630°C and a stress of 100 MPa. Test piece
fractured outside notched area. M agnification marker: (a) 1200 µm, (b) 23 µm, (c) 9
µm and (d) 5 µm.
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Test 12 (a)

Test 12 (c)

(b) Test

12 (b)

Test 12 (d)

Figure 4.89: SEM micrographs of fractured simulated IC + PWHT, notched sample,
(heat input of 2.6 kJ/mm), after creep testing at 630°C and a stress of 100 MPa. Marker
magnification: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5 µm.
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Test 13 (a)

Test 13 (b)

Test 13 (c)

Test 13 (d)

Figure 4.90: SEM micrographs of fractured simulated GR + PWHT, notched sample,
(heat input of 2.6 kJ /mm), after creep testing at 630°C and a stress of 100 M Pa.
Magnification marker: (a) 1200 µm, (b) 23 µm, (c) 9 µm and (d) 5 µm.
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Test 14 (a)

Test 14 (b)

Test 14 (c)

Test 14 (d)

Figure 4.91: SEM micrographs of fractured simulated GC + PWHT, notched sample,
(heat input of 2.6 kJ/mm), after creep testing at 630°C and a stress of 100 MPa. Test
piece fractured outside notched area. M agnification marker: (a) 1200 µm, (b) 23 µm,
(c) 9 µm and (d) 5 µm.
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4.5.2.5

Hardness testing
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Figure 4.92: Hardness profiles in fractured creep specimens of simulated IC+PWHT
and GR+PWHT (heat input of 1.6kJ/mm). Creep testing was conducted at 630°C and
100 MPa.
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Figure 4.93: Hardness profile in fractured creep specimens of simulated GC+PWHT
(heat input of 1.6kJ/mm). Creep testing was conducted at 630°C and 100 MPa.
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Figure 4.94: Hardness of simulated IC+PWHT and GR+PWHT (heat input of 2.6
kJ/mm). Creep testing was conducted at 630°C and 100 MPa.
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Hardness profiles in fractured creep specimens of simulated GC+PWHT

(heat input of 2.6 kJ/mm). Creep testing was conducted at 630°C and 100 MPa.
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CHAPTER 5

DISCUSSION
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5.

DISCUSSION

After post weld heat treatment, P91 steel forms a soft zone in the HAZ of the weld joint
and studies of the creep strength have revealed that rapid failures can occur in these soft
zones, the so called type IV cracking region. Therefore fundamental understanding of
structural evolution and mechanical property evolution before and during creep
exposure is a pre-requisite for specifying methods to avoid poor creep resistance and/ or
to successfully develop chromium steels with higher creep resistance (Foldyna et al.,
1995).

This chapter discusses microstructural evolution in P91 steel subjected to thermal/
mechanical treatment relevant to their welding processing and high temperature
application. Included also are the continuous cooling transformation (CCT) diagram,
and the continuous heating transformation (CHT) diagram for the steel. Different heat
treatment cycles, involving systematic variations in heating rate, peak temperature,
holding time and cooling rate were used to test the response of the steel in terms of
structural development and hardness. A major part of the discussion concerns evolution
of HAZ sub-zones that were simulated both by dilatometer and Gleeble heat treatment.
The simulated sub-zones were also subjected to a simulated PWHT. Gleeble simulated
HAZ samples, subjected to 760C for 2 h, were accelerated creep tested over a range of
temperatures to enable a detailed analysis of the relationship between structure and
creep behaviour.

The details of the discussion can be divided into six main sections, which analyse the
results presented in Chapter 4 – Experimental Results. The six sections are:
5.1. As received structures
5.2. Actual welds.
5.3. Dilatometer heat treatments.
5.4. Gleeble Thermo-mechanical simulation of HAZ sub-zones.
5.5. Comparison of simulated and actual structures.
5.6. Creep testing of as received and simulated HAZ structures of P91 steel at heat
inputs, corresponding to 1.6 and 2.6 kJ/mm.
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5.1

AS RECEIVED STRUCTURES

Figures 4.1, 4.2 and 4.3 respectively show optical, carbon extraction and thin foil
micrographs of as received P91 steel. Figure 4.1 shows typical structures of P91 steel
after normalising and tempering: the structure consists of tempered lath martensite and a
small volume fraction of non-metallic inclusions. Prior austenite grains have been
divided into packets or blocks as a result of the formation of lath martensite during
cooling. There are many elongated sub-grains within the blocks, and each sub-grain
contains a high density of free dislocations similar to that found by Maruyama et al.
(2001). Auto-tempering during cooling and subsequent tempering resulted in significant
precipitation of alloy carbides.

Coarse and fine carbides are present with coarser

carbides being observed mainly at prior austenite grain boundaries and also at lath
boundaries, consistent with the observations of Kaneko et al., 2004; Matsui et al., 2001
and Tökei et al., 2000.

Figure 4.2 shows carbon extraction replicas of as received P91 steel. The higher
magnification micrographs show a mixture of coarse and fine carbides. EDX analyses
of the coarse carbides were consistent with M23C6 (M=Cr, Fe, Mo) with diameters
ranging from 69 to 400 nm (see, for example, particles 1, 4 and 5 in Figure 4.2 (b); and
1, 2 and 5 in Figure 4.2 (d)). The finer carbides typically contain V, Cr, and Nb with
diameters ranging 15 to 108 nm, as shown in Figure 4.2 (e.g. particles 2, 3, 6 and 7 in
(b) and particles 4, 6 and 7 in (d)). The morphologies of the coarse and fine carbides
found in this work are similar to those reported that by Kaneko et al. (2004).

Figure 4.3 shows thin foil micrographs of as received P91 steel. The overview at low
magnification shows a typical lath martensitic structure. Carbides are present on lath
boundaries and dislocation tangles and networks are present within the lath shaped
regions (Figures 4.3 (d) and (e)).

This microstructure consists effectively of an

aggregate of ferrite and alloy carbide, but the carbides are generally fine and uniformly
distributed and the ferrite retains the elongated lath form of the original martensite units,
as well as a relatively high dislocation density.

Tempering has produced partial

recovery but prior precipitation of fine MC retards dislocation recovery and stabilised
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the dislocation sub-structure. As a result, a high density of dislocation barriers remain
that enhance the creep strength. Further, the precipitates pin (and strengthen) grain, lath
and sub-grain boundaries, as well as precipitate strengthening of intra-granular regions,
particularly through the presence of fine MX type carbides. In summary, the tempered
plate steel contains effective obstacles to dislocation motion under stress at elevated
temperatures. Therefore, the rate of creep strain is expected to be low (or the creep
resistance to be high) consistent with the creep results reported in 4.5 and discussed in
5.6.

5.2

ACTUAL WELDING

5.2.1 Microstructural analysis and hardness testing
The microstructural characterisation of actual welded joints produced with average heat
inputs of 0.8, 1.6 and 2.4 kJ/mm, followed by PWHT, are shown in Figures 4.4 to 4.6.
A typical tempered martensitic structure with dispersed carbides can be seen in the low
magnification micrographs.

Small precipitates are present locally in the GRHAZ

regions as shown in Figures 4.4 (d), 4.5 (d) and 4.6 (d). The GCHAZ region for heat
inputs of 0.8, 1.6 and 2.4 kJ/mm (Figures 4.4 (e), 4.5 (e) and 4.6 (e)) show austenite
grain growth with carbide precipitates located at lath and grain boundaries. In the GR
region, solution of carbides is substantially incomplete during the weld thermal cycle
and, as expected, the residual particles coarsen as a result of PWHT. They are not
therefore typically located at boundaries of the martensite structure that evolves during
cooling. In contrast, the GC region reaches a high enough temperature during welding
to substantially dissolve the carbides present in the as received (normalised and
tempered) base plate. As a result, carbides form mainly by re-precipitation during
PWHT on the martensitic structure produced on cooling after the weld thermal cycle.
Therefore, the carbide is expected to be generally finer and more evenly distributed than
for the IC or GR sub-zones. The prior austenite grain boundaries become more clearly
defined as the heat input increases.

The reason for this trend is not immediately

obvious, but a possible explanation is that the higher HI is associated both with a longer
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dwell time at high temperature (and more complete carbide dissolution), as well as
slower cooling of the austenite, resulting in more pronounced decoration of the prior
austenite boundaries by carbide precipitation.

Subsequent PWHT would serve to

coarsen the grain boundary carbides and enhance their etching reactivity.

The widths of the IC, GR and GC regions are very small, typically < 1 mm, see Figure
4.12 and it is difficult to distinguish between the ICHAZ and GRHAZ, Figures 4.4 (b),
4.5 (b) and 4.6 (b). The total HAZ width increases from about 1.2 mm to 2.8 mm as HI
increases from 0.8 to 2.4 kJ/mm. The data given in Figure 4.13 are based on the
hardness gradients of Figure 4. 10 and show higher estimates of HAZ width at lower HI
than Figure 4.12 and a lower sensitivity to HI. This estimate of width is probably more
accurate than the microstructural method which involves uncertainty in defining the
limit of the HAZ. However, the hardness method is based on a single hardness profile
and the HAZ width varies along the fusion line. Despite the difference between the
estimate, it can be concluded the HAZ is narrow, less than 2.8 mm at the highest HI; and
decreases, as expected, with decreasing HI. The thermal conductivity (Grong, 1994) of
high Cr alloy steels like 410 stainless steel and P91 at room temperature is about half
that of low carbon structural steels (0.020Wmm-1C-1 versus 0.040 Wmm-1C-1). The
thermal gradient established from the weld bead into the base plate is inversely
proportional to the thermal conductivity (Kane, J. & Sternhein, M., 1983) and therefore
the gradient is expected to be steeper for P91 than structural steel, resulting in a
narrower HAZ.

The prior austenite grain size of the GRHAZ for a heat input of 0.8 kJ/mm was in the
range of 17 to 21μm; for 1.6 kJ/mm it was 14 to 17 μm; and for 2.4 kJ/mm was 16 to 26
μm. Although these figure suggest a finer average grain size for 1.6 kJ/mm heat input
compared to 0.8 kJ/mm, precise measurements are difficult because of poor definition of
the prior austenite grain boundaries and the problem of identifying the GR sub-zone in
the structural gradient of the HAZ in the actual welds. The corresponding grain size
ranges for the GCHAZ were 30 to 43 μm for 0.8 kJ/mm; 36 to 50 μm for 1.6 kJ/mm; 40
to >50 μm for 2.4 kJ/mm. The prior-austenite grain sizes of the WM for the three heat
inputs were typically greater than 70 μm.

It should be noted the austenite grain
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coarsening is not pronounced in this alloy compared with low alloy carbon steels. The
high alloy content and retention of grain pinning particles impede austenite grain growth
leading to a relatively fine prior γ grain size throughout the HAZ and the WM.

The hardness profiles across the HAZ for all the heat inputs show that a soft zone is
present in the HAZ after post-weld heat treatment (PWHT), particularly for the two
higher heat inputs, Figure 4.10.

In addition, Figure 4.11, which records average

hardnesses in the five major weldment regions (PM, IC, GR, GC and WM), shows that
the IC sub-zone hardness falls below that of PM for all three HIs. It is also noted that
the HAZ width is, as expected, higher for 2.4 kJ/mm compared with 1.6 and 0.8 kJ/mm.
Therefore, the drop in hardness across the HAZ for the 2.4 kJ/mm weld is more gradual
and the decrease in hardness below that of the PM is more marked, Figure 4.10.
Relatively high hardness, in the range of 280 to 290 HV10 was recorded in the weld
metal and a lower hardness in the range of 216 to 219 HV10 was found in the IC region.
This hardness profile across the weldment is in agreement with other studies (Wu et al.,
2004; Bergquist et al., 1998; Cerjak et al., 1996; Borggreen, 1995). The hardness in the
soft zone for each of the three heat inputs was found to be approximately 10 HV10
lower than that of the unaffected parent material. Similar behaviour was observed for
simulated HAZ sub-zone specimens and this phenomenon is discussed in more detail,
supported by electron microscopic observations, in Section 5.3.4.

Cross-weld creep studies by Francis et al. (2005) on samples taken from the weld
discussed above exhibited typical type IV failure, with fracture occurring in the GRHAZ
region with very low ductility, see Table 5.1. These test were conducted in air at a stress
of 93 MPa, lying between the two stress levels (80 and 100 MPa) used in the present
work. The test temperature was also lower (620ºC compared to 630ºC - 670ºC).
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Table 5.1:

Cross-weld creep rupture results at three heat inputs (test temperature

620ºC and stress at 93 MPa) of actual welds (after Francis et al., 2005).

Heat Input (kJ/mm)
0.8

1.6

2.4

1,000

1020

1265

Elongation (%)

1.5

1.5

1.0

Reduction of area (%)

17

19

7

Time to rupture (h)

These cross-weld creep results are discussed in Section 5.6.1.3 and are compared with
AR creep test data.

5.3

DILATOMETER HEAT TREATMENTS

5.3.1

CONTINUOUS COOLING TRANSFORMATION (CCT)

5.3.1.1

Microstructural analysis and hardness testing

The as supplied pipe was in the normalised and tempered condition. The normalising
condition was 1050ºC for 30 min. The producer (V+M) determined a CCT diagram
based on this normalising time and temperature. Dilatometer heat treatments were
conducted to check the accuracy of this published CCT diagram. The cooling paths of
the dilatometer treated specimens are superimposed on the CCT diagram of Figure 4.16
as broken lines. The selected cooling rates of 0.1ºC/s, 1ºC/s and 10ºC/s were linear, as
was the case for generation of the original CCT diagram.

The corresponding MS

temperatures were 381ºC, 388ºC and 385ºC, close to the MS line drawn at 390ºC-395ºC
(Vallourec & Mannesmann Tubes, 1999), Figure 4.16. However, the MF temperatures
were found to be considerably higher than those reported by Vallourec & Mannesmann
Tubes (1999) which specified a temperature close to 110ºC. The present results indicate
that MF is closer to 220ºC (see Figure 4.23). A practical consequence is that during
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welding the interpass temperature of 250ºC is just above MF, so that the structure
formed on cooling between weld passes is almost fully martensitic. The martensite is
therefore subject to low temperature tempering during the course of the welding process.
This point is discussed in detail in Section 5.3.4.1.

The AC1 and AC3 temperatures, measured for heating at 50ºC/s to 1050ºC, averaged
865ºC and 908ºC (Figure 4.19).

Although the measured AC1 temperature is

significantly higher than that shown on the CCT diagram (about 810ºC), it should be
noted that the AC temperatures are heating rate dependent and for sufficiently slow
heating AC1 approaches the equilibrium temperature A1. Although the line marked on
Figure 4.16 is likely to represent the A1 temperature, 810ºC is low in relation to the
indicative value derived from the current work, about 830ºC based on Figure 4.24.
Figure 4.14 shows microstructures of specimens heated to Tp = 1050ºC at a heating rate
of 50ºC/s, held for 0.5 h and then cooled at rates of 0.1ºC/s, 1ºC/s and 10ºC/s. The
microstructures obtained after furnace cooling at 0.01ºC/s and water quenching
(~300ºC/s) are also shown.

The hardness values obtained for the three cooling rates used in the dilatometer, together
with the hardnesses of the furnace treated sample cooled at 0.01ºC/s and the rapidly
water quenched (WQ) sample (~ 300ºC/s) are plotted in Figure 4.15. The hardness
curve plateaus at both ends, reaching a base hardness of about 145 HV10 for very slow
cooling and about 480 HV10 for rapid water quenching. In the former case, diffusional
products are formed that consist of equiaxed ferrite and dispersed, coarse alloy carbides,
Figure 4.14 (a). For WQ, rapid cooling suppresses any prior precipitation of carbide in
austenite during cooling and forms martensite with minimal auto-tempering, Figure 4.14
(e). Despite the higher cooling rate associated with the WQ, some coarse carbides
appear to be present throughout the microstructure. However, rather than forming by
auto-tempering these carbides are probably residual undissolved carbides present after
furnace heat treatment because of the relatively thick samples used in the treatment.
The undissolved carbides restrain γ grain growth leading to finer grains than for the
smaller dilatometer treated samples, Figures 4.14 (b) – (d). Quenching also promotes
retention of a higher dislocation density arising from thermal stresses and the martensite
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substructure. As a result, the hardness is elevated by up to 70 HV10 points above that
obtained for typical normalising cooling rates of 0.1–10 ºC/s. If the hardness predicted
for interstitial (C+N) hardening in WQ unalloyed steel (435 HV) is used as a reference,
the concentration of substitutional alloying elements contributes about 45 points HV to
the martensite formed in WQ P91 alloy steel. The hardness of about 410 HV for typical
(slower) cooling rates during normalising treatment is in close agreement with the
reported value of 409 HV (Vallourec & Mannesmann Tubes, 1999). The hardness of
145 HV10 generated at 0.01ºC/s is also close to that reported in Vallourec &
Mannesmann Tubes (1999).

Figure 4.16 indicates that the MF temperature is about 110ºC, whereas the measured
temperature in the present work (filled squares) for MF is about 220ºC. The latter result
is consistent with dilatometric studies by Santella et al. (2002) who showed that
reheating (simulated PWHT) of as received plate after a simulated normalize at 1050ºC
and cooling to 200ºC did not show any evidence of retained austenite. The MS-MF gap
of about 150ºC is also in close agreement with that for unalloyed steel containing
0.15%C (Troiano and Greninger, 1939).

Therefore, it is concluded that the MF

temperature indicated in Figure 4.16 is unrealistically low. Santella et al. (2002) did
however demonstrate that low (sub-ambient) MF temperatures were possible in weld
metal because of alloy-enriched regions arising from micro-segregation. Tempering in
the range 750-780ºC following the normalising treatment reduces the hardness to about
225 HV, but results in optimum strength and toughness, combined with good creep
resistance (Vallourec & Mannesmann Tubes, 1999).

Tempering enhances dislocation recovery and homogeneously precipitates fine
carbides/carbo-nitrides within the martensitic matrix, as confirmed by the TEM studies
of Mitchell et al. (2004) and in the current work.

For a number of reasons, the “normalising” CCT diagram in Figure 4.16 is not
particularly instructive in terms of microstructural evolution in the HAZ during welding.
A small volume element lying within the potential HAZ will experience rapid heating to
a peak temperature, a short time (< 2-3 s) at this peak then exponential cooling towards
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the preheat or interpass temperature. The rapid heating would be expected to raise AC1,
thereby limiting the extent of re-austenisation even though the peak temperature may be
well above the nominal AC1 of 810ºC. Therefore, an actual HAZ thermal cycle will
involve limited time for austenitisation and carbide solution and enhanced opportunity
for auto-tempering of martensite by slow cooling through the MS - MF range.
Over the common reference range of 800-500oC, cooling is roughly linear and typical
cooling times ∆t 800-500 are about 8 to 30 s for 50 mm steel plate, preheated to 250ºC and
welded with heat inputs in the range 0.5-2.5 kJ/m (Yurioka et al., 1995). For such
cooling times, diffusional transformation of austenite to ferrite is easily suppressed in
P91, ensuring its transformation to martensite, i.e. actual weld thermal cycles lie to the
left in Figure 4.16.

More accurate simulation of the actual weld thermal cycle has been conducted using a
Gleeble thermomechanical simulator, as reported in Sections 4.4 and 5.4. Nevertheless,
the microstructures and hardnesses resulting from the linear cooling cycles of the
dilatometer proved to provide good approximations of the actual HAZ sub-zones, as
detailed in Chapter 4, Section 4.3.4 and Chapter 5, Section 5.3.4.

5.3.2

EFFECT OF HOLDING TIME AT 1050°C

5.3.2.1

Microstructural analysis and hardness testing

Figures 4.17 (a), (b), (c) and (d) show structures found on cooling at 1°C/s after holding
for 3 s, 18 s, 3 min and 30 min at a peak temperature of 1050°C. The heating rate was
50°C/s and cooling rate was 1°C/s. The experiment was design to assess the effect of
holding time at a fixed high temperature (1050°C) on the condition of the austenite prior
to cooling at a rate that produces martensitic transformation. The holding time is
relevant to the extent of grain growth and homogenisation of the austenite. The most
significant structural difference was found to be austenite grain coarsening with
increasing holding time, together with increased solution of carbides. For the holding
time of 3 s, the grain structure is refined and undissolved carbides are present. For
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holding times of 18 s and 3 min increased dissolution of carbides and grain growth
occurred. For a holding time of 30 min significant austenite grain coarsening occurred.
The hardnesses for holding times of 3s, 18s, 3 min and 30 min were similar, as shown in
Figure 4.18. The graph shows a slight increase in average hardness with holding time,
but the error bars are such that a significant increase cannot be claimed. Therefore, the
effect of holding time on hardness is not significant. This trend is somewhat surprising
as grain coarsening and increased solution of alloy carbides with increasing holding time
would be expected to increase the hardness of the martensite. A possible explanation
for the absence of this trend is that the structure of refined grain size and dispersed,
undissolved alloy carbides for the shorter hold times counteracts the lower hardness due
to martensite formed from more solute depleted austenite.

The effect of dwell time at 1050°C on MS and MF was also minor. Figure 4.19(a)
shows that there is effectively little or no change in MS as a function of hold time. A
short hold time producing a solute-depleted austenite, would be expected to raise Ms,
but this trend was not clearly established. The AC1 and AC3 temperatures shown in
Figure 4.19(b) are also not sensitive to hold time, but this is expected since these
transformation temperatures depend on the heating rate rather than the holding time (and
the heating rate was constant, 50°C/s).

5.3.3

CONTINUOUS HEATING TRANSFORMATION (CHT)

5.3.3.1

Microstructural analysis and hardness testing

Microstructures of samples heated to 1050°C at rates of (a) 0.5°C/s; (b) 5°C/s; (c)
25°C/s and (d) 50°C/s and held for 2s before cooling at 15°C/s are shown in Figure
4.20. The microstructures are martensitic with some dispersed carbides.
Hardness values (HV10) for these samples are shown in Figure 4.21.

Hardness

increased as the heating rate increased. The AC1 and AC3 values also increased as the
heating rate increased, Figure 4.22. It was also observed that the MS temperatures were
lower for the lower heating rates, Figure 4.23. Figure 4.24 shows the partial CHT
diagram of P91 steel based on the above heating rates. The CHT diagram for P91 steel
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in the current work (Figure 4.24) shows a similar trend in AC1 and AC3 with increasing
heating rate as for 34Cr-4Mo alloy (see Figure 2.5) (ASM, Volume 6, 1983). The CHT
diagram demonstrates that the austenite formed initially is inhomogeneous and contains
undissolved carbides. Therefore, grain growth will not occur significantly until the
carbides are substantially dissolved and the austenite is relatively homogeneous (ASM,
Volume 6, 1983).

The slowest heating rate is associated with the lowest AC1 and AC3 temperatures and the
lowest MS temperature on subsequent cooling. Those observations are consistent with
more complete dissolution of the carbides present in the normalised and tempered base
plate compared with samples heated at higher rates. For faster heating rates there is
more undissolved carbide and the austenite (and martensite) will be solute-depleted.
Nevertheless, the hardness increased relative to that of the solute enriched martensite
resulting from the 0.5°C/s heating rate (Figure 4.21).

Although austenite grain

refinement by particle pinning could make a contribution to the slightly higher hardness
for the faster heating rates, there appears to be little difference in austenite grain size as
a function of heating rate (Figure 4.20). A possible reason for the higher hardness for
the two fastest heating rates (25°C/s and 50°C/s) is that the ferrite to austenite
transformation could occur at least partly by martensitic transformation, since AC1,
becomes approximately constant at high rates, (Figures 4.22 and 2.24).

Such a

transformation could generate a dislocation sub-structure that is not completely restored
after 2 s at 1050°C and cooling at 15°C/s. The presence of a higher level of structural
heterogeneity could also promote finely dispersed precipitates by auto-tempering during
cooling, giving an increase in hardness by precipitation hardening.
The CHT diagram (Figure 4.24) indicates the present of an γ + carbide field above the
AC3. Other experiments using a heating rate of 50°C/s and a 2-3 s hold time at peak
temperature indicated that full carbide solution occurred at 1200°C (Figure 4.26(e)).
Therefore, the boundary between γ +carbide at 50°C/s probably occurs at 1100°C 1150°C with the boundary trending to lower temperatures for slower heating rates. The
dashed curve in the upper right corner Figure 4.24 is a schematic (γ + carbide)/ γ
boundary.
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Thermodynamic calculations by Cipolla et al. (2007) using Thermocalc indicate the
M23C6 dissolves in austenite at temperatures >870°C.

However, the kinetics of

dissolution are sufficiently slow that under typical weld thermal cycling, limited
dissolution occurs below a peak temperature of 1100°C to 1150°C.

5.3.4

DILATOMETER SIMULATED SUB-ZONE
STRUCTURES

5.3.4.1

Microstructural analysis and hardness testing

Figures 4.25 and 4.26 show microstructures of (a) as received steel and HAZ sub-zones
simulated by heating to peak temperatures of (b) 850°C, (c) 900°C (ICHAZ), (d)
1000°C (GRHAZ), (e) 1200°C (GRHAZ), and (f) 1400°C (GCHAZ). The heating rate
was 50°C/s, the holding time was 1 s and the cooling rate was 15°C/s. Except for the
heating rate which is about 1/3 of the actual rate during welding, the other conditions
simulate the actual thermal profile.
As received P91 steel shows an initial structure of a tempered lath martensite matrix
with dispersed M23C6 and MC type carbides along prior austenite grain boundaries as
well as on packet, block and lath boundaries (Hald, J. et al., 2005; Igarashi, M. et al.,
2001; Igarashi, M. et al., 1998).

The microstructure after simulated thermal treatment to a peak temperature of 850°C
showed very little carbide dissolution, and was similar to the structure of the as supplied
steel, Figure 4.25 (a), consistent with the absence of dilatometric indication of phase
transformation on heating and cooling. This indicates that little if any re-austenitisation
took place during the thermal cycle, even though the peak temperature (850°C) exceeds
the AC1 range (800°C-830°C) specified by Vallourec & Mannesmann Tubes, 1999. This
observation is also consistent with Figure 4.22 which shows that the AC1 temperature is
about 860°C for a heating rate of 50°C/s.

The hardness after cycling to 850°C was slightly lower than for as received material,
Figure 4.27, indicating that the imposed thermal cycle over-tempered the structure.
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Simulated PWHT resulted in a further slight drop in hardness (Figure 4.27). The
microstructures formed with increasing Tp from 900°C to 1200°C (constant hold time of
1 s) showed increased carbide dissolution, and progressive approach to 100% austenite.
The austenite grain size also increased, with the 1400°C treatment showing the coarsest
austenite grain size, as well as complete carbide dissolution, Figure 4.26 (f).

The effect of simulated thermal treatment on microstructure is shown in Figures 4.25(b)
and (c), and 4.26 (d), (e) and (f). The effect of a superimposed simulated PWHT, is
represented by Figures 4.25 (b’) and (c’), and 4.26 (d’), (e’) and (f’). PWHT causes
significant dislocation recovery and precipitation and coarsening of carbide particles
lying along lath and grain boundaries. As a result, the contrast and clarity of the optical
microstructure is enhanced, e.g. see Figure 4 .26 (e’).

The AC1 and AC3 temperatures for the set of samples used for simulated HAZ sub-zones
are shown in Figure 4.28. As expected these temperatures are not sensitive to peak
temperature and depend only on heating rate (constant at 50°C/s). The MS temperatures
are more interesting and show a marked decrease with increasing peak temperature
(Figure 2.29). MS falls as the austenite become more solute-enriched and essentially
full solution appears to occur for both 1200°C and 1400°C.

The 900°C peak

temperature treatment produces sharply higher MS and MF temperatures because of the
solute-depleted austenite that is formed.

Although the hardness of the simulated sub-zones increased with increasing peak
temperature, it decreased significantly (by about 180-190 HV10) after PWHT, see
Figure 4.27. The hardnesses attained for the 850°C, 900°C and 1000°C treatments,
after PWHT (Figure 4.27), are lower than that for as received P91 steel. The 900°C and
1000°C treatments produce austenite grain refinement without complete dissolution of
carbides. In the case of the 900°C treatment incomplete austenitisation is possible since
900°C is close to AC3 at 50°C/s (Figure 4.24). Subsequent PWHT for these two
treatments coarsens the existing carbides at the expense of fine general precipitation
resulting in effective “overtempering”. It should be recognized that direct comparison
of the simulated with the actual HAZ sub-zones is difficult because the actual HAZ
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consists of a structural gradient with steeply changing hardness. Nevertheless, Table 5.2
compares hardness results for the simulated sub-zones with the average hardnesses of
the “sub-zones” of the actual weld for which the simulated HAZ thermal cycles were
designed.

This weld was produced in 50 mm thick pipe at 1.6 kJ/mm and

preheat/interpass temperatures of 250°C (Francis and Mazur, 2005). The cooling time
∆t

800-500

was about 20 s, closely equivalent to the cooling rate of 15°C/s used in the

simulations. Three regions of the HAZ at fixed distances from the fusion line were
selected for hardness testing, in order to determine the average hardness of each of the
three major sub-zones. The hardnesses of corresponding simulated and actual subzones, and particularly the HAZ hardness ranges, are in close agreement, indicating that
the simulations using dilatometer heat treatments are satisfactory.

Further support for this conclusion comes from results reported by Wu et al. 2004.
Their welding conditions were: 29 mm thick pipe, 60° single vee preparation, 250°C
preheat and interpass temperatures, GTA root and MMA fill beads, and heat inputs in
the range 0.7-1.0 kJ/mm. The expected ∆t

800-500

is about 10-15 s, with corresponding

cooling rates of 30-20°C/s predicted by the method devised by Yurioka et al. (1995).
Although this is faster than the rate used in the current simulations (15°C/s) the
microstructures of the actual sub-zones are similar to the corresponding simulated
structures. Work by Yurioka et al. (1995) showed that the hardnesses measured in the
HAZ of the actual weld were 215-220 HV1 for the ICHAZ, 230-240 HV1 for the
GRHAZ and 250-265 HV1 for the GCHAZ. These values are in reasonable agreement
with those obtained in the simulated samples (Figure 4.27 and Table 5.2).

An important observation arising from both the simulations and the actual welds are that
the HAZ hardness falls below that of the base steel in the intercritical and immediately
adjacent GRHAZ. The temperatures reached in these sub-zones result in dislocation
recovery and particle coarsening with little solution of carbides. Although partial or
complete austenitisation can occur, the austenite remains alloy-depleted and does not
generate a hard martensitic structure on cooling. Moreover, tempering of the martensite
on subsequent PWHT further reduces the hardness (Figure 4.27). In terms of creep
resistance this region of the HAZ has been identified as susceptible to Type IV failure.
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Table 5.2:

Comparison of hardnesses in simulated and actual sub-zones for welding

at 1.6 kJ/mm followed by PWHT at 760°C.

Vickers Hardness

Simulated
+PWHT
(HV10)
Actual weld
+PWHT
(HV0.2)

PM

ICHAZ

GRHAZ

GCHAZ

WM

224

209-210

218-267

280

-

226

219

245

276

293

Hardness values in excess of 400 HV over much of the HAZ (Figure 4.27) underscore
the need for PWHT following welding. Moreover, it is recommended that PWHT be
commenced from an intermediate postweld temperature TI that reduces the potential for
cold cracking (Beres et al., 1997). The determination of this temperature and the preheat (TPH) and interpass temperatures has been discussed in detail by Beres et al. (1997).
They point out that if TPH exceeds MS then welding is conducted in the austenitic state,
which exhibits good cracking resistance. However, subsequent transformation to fresh
martensite over a short time interval can be detrimental because of the transformation
volume change and development of high stress concentrations that, in combination with
residual hydrogen, could induce hydrogen assisted cold cracking (HACC). On the other
hand, if MF < TPH < MS, the weld metal and HAZ regions remote from the fusion zone
will be partially austenitic and the effect of further transformation to martensite on
cooling will be attenuated. In choosing an appropriate TPH, Beres et al. (1997) referred
to data by Kaufhausen (1969) that indicates that the volume fraction of martensite
VF(M) formed with undercooling below Ms varies in a linear fashion up to about 0.8,
before the rate of formation becomes sluggish and VF(M) asymptotically approaches 1.0
(Beres et al., 1997; Kaufhausen, 1969). Kaufhausen (1969) reported that MF = MS 150oC, in agreement with the relationship found in the present work. On the basis of
Kaufhausen’s results, Beres et al. (1997) recommended that TPH is set at Ms - (50-70oC),
allowing formation of about 0.4-0.5 VF(M) during welding (Beres et al., 1997;
Kaufhausen, 1969).

The intermediate temperature following welding provides a

platform for PWHT and Beres et al. (1997) suggested that TI be set at MS - (180-200oC)
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to ensure complete transformation to martensite without cooling into the HACC
sensitive temperature range (Beres et al., 1997). Using these recommendations for the
steel investigated in the current work, TPH and TI are respectively about 310oC and
180oC. The welding procedures used for this steel by CSIRO MIT involved preheat and
interpass temperatures of 250oC and an intermediate temperature of about 150oC
(Francis et al., 2005). For these conditions the HAZ would be expected to contain
slightly in excess of 0.8 VF (M) during welding and 1.0 VF(M) at the intermediate
temperature. The martensitic structure produced in the HAZ would therefore have been
subjected to a 250oC tempering treatment over the course of the welding procedure
carried out at CSIRO MIT. Since the welding processes took from 123 to 150 minutes,
this tempering treatment is significant and is expected to produce fine precipitates
throughout the matrix on dislocation sub-structure and interfaces of the martensite.
Subsequent PWHT would be expected to coarsen these pre-existing particles, as well as
generating further precipitation and particles coarsening.

Of course, the preceding

discussion of structural evolution only applies to the grain coarsened HAZ where
substantial dissolution of alloy carbides occur. The presence of remnant undissolved
carbides in the GRHAZ and ICHAZ regions will modify the distribution and the volume
function of fine carbides resulting from tempering and PWHT.

Nevertheless, the

welding carried out by CSIRO was defect-free and it is clear that there is some latitude
in pre-heat temperature selection in securing sound welds, provided that an appropriate
PWHT is subsequently carried out.
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5.4

GLEEBLE
STRUCTURES

SIMULATED

SUB-ZONE

5.4.1

Microstructural analysis and hardness testing

In welding the microstructure varies considerably across the heat affected zone (HAZ).
The different microstructures appearing in the HAZ of actual welds show different
properties, depending on their thermal history (Easterling, K., 1992). The simulation of
the weld thermal cycle is a powerful method for investigation of HAZ microstructures.
Simulated microstructures can be produced in relatively large volumes compared to the
HAZ microstructure of actual welds, thus facilitating macrostructural analysis and
reducing scatter in mechanical testing results. However, variations in properties can
occur in actual welds because of structural gradients and inhomogeneties, and these
effects, as well as residual stresses, are not taken into account when using the HAZ
simulation technique.

Three peak temperatures, 868°C (ICHAZ), 1008°C (GRHAZ) and 1367°C (GCHAZ)
were used in producing simulated sub-zones of the HAZ samples and details are
reported in Section 4.4. On the basis of the measured AC1 temperatures, 868°C is likely
to be slightly above AC1 temperature for the Gleeble heating rate of 170°C/s. Therefore,
this treatment is likely to produce a relatively small amount of austenite. Figures 4.31
(a), (b) and (c) show microstructures of the simulated sub-zones at peak temperatures
(Tp) of 868°C, 1008°C and 1367°C respectively, corresponding to a heat input of 1.6
kJ/mm. Micrographs, (a’), (b’) and (c’) show the corresponding microstructure after
simulated PWHT. Figures 4.41 (a), (b) and (c) show microstructures for simulated subzones at peak temperatures of 868°C, 1008°C and 1367°C, respectively, corresponding
to a heat input of 2.6 kJ/mm. Micrographs (a’), (b’) and (c’) correspond to the structure
after PWHT.

For both heat inputs, the microstructures produced for a Tp of 868°C showed a mixed
microstructure of untempered martensite formed from re-austenitised regions and
tempered martensite that corresponds to the untransformed parent metal.

Carbide
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dissolution was limited and coarsening was evident due to over-tempering, (Figures
4.31 (a), 4.32 (b), 4.41 (a) and 4.42 (b)). As mentioned above, the dilatometer results
and the work of Prada et al. (1995) indicate that the peak temperature of 868°C during
simulation is between Ac1 and Ac3.

The re-hardening due to formation of fresh

martensite is limited because only partial austenitisation occurs and the austenite is
solute-depleted. The hardness is raised to about 320 HV (Figure 4.38) but is well short
of the 430 HV hardness recorded for full re-austenitisation by heating to 1367°C
(Figure 4.40). Following simulated PWHT the hardness drops substantially to about
205 HV (Figure 4.36), about 20 HV points below the indicated hardness of the base
steel. This effect is caused by coarsening of existing carbides and limited precipitation
from solid solution of fine V, Nb carbides that can effectively precipitation harden the
martensitic matrix.

In the foregoing discussion, it has been assumed that martensite forms in the reaustenitised regions that transform during cooling. However, there is little evidence in
the TEM micrographs that lath martensitic structure is present, see Figure 4.35. It
should be noted that the TEM foils are of samples that had also been subjected to
PWHT and so it is possible that recovery has eliminated the lath structures of
martensitic regions. However, Figure 4.37 (a) for GCHAZ + PWHT clearly shows
vestiges of the characteristic lath structure of low carbon martensite. Although TEM
thin foils sample only small regions and it is possible that only untransformed regions
were examined, another possibility is that the small volumes of austenite, which are
encased in an untransformed ferrite matrix, do not transform to martensite, as the C
curve for diffusional transformation to ferrite and carbide, Figure 4.16, is shifted a to
the left because of the fine γ grain size and the solute depletion. Even finer ferrite grains
then form on cooling from the fine austenite solute-depleted grains. It is therefore
possible that the cooling rate of about 15°C/s is not fast enough to produce martensite
and that fine ferrite grains form instead at relatively low temperatures and contain a
significant dislocation substructure because of the transformation volume increase.
Precipitation from these carbide saturated grains during cooling could also help to raise
the hardness, as observed in Figure 4.38.
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For a peak temperature of 1008°C transformation of ferrite to austenite is expected to be
complete, but carbide dissolution is not complete in the short dwell time at Tp. This
conclusion is supported by the optical micrographs in Figures 4.31(b) and 4.20(d), and
by the CHT diagram of Figure 4.24.

Partial dissolution of carbide at 1008°C is

confirmed in Figure 4.33(a) which shows much less residual carbide than the 868°C
treatment (Figure 4.32(a)).
The austenite grain size is refined, as expected, because of the relatively low peak
temperature and residual carbides that can provide grain boundary pinning. Again the
CCT curve in Figure 4.16 will not be applicable on cooling, because the austenite is
somewhat solute depleted and the grain size (~10 µm), Figure 4.31, is smaller than that
obtained after normalising at 1050°C for 30 min (~25 µm), Figure 4.14. Therefore, the
C curve for diffusional transformation will be shifted to the left.

Nevertheless,

dilatometry confirmed that martensitic transformation still occured on cooling at 15°C/s.
The MS temperature is about 385°C (Figure 4.23), consistent with the MS temperatures
recorded for normalised samples (Section 4.3.1)

At the peak temperature of 1367°C, that is representative of the GCHAZ, full carbide
dissolution occurs (Figures 4.31(c) and 4.34(a)).

For similar conditions, the MS

temperature recorded for dilatometer simulation at 1400°C was 370°C consistent with
complete solution of alloying elements and a minimum transformation temperature
(Figure 4.28). For the 1367°C treatment, the prior austenite grain size was clearly the
largest (Figure 4.31). Although solution of the pre-existing carbides was complete on
heating, fine precipitates are evident within the martensitic laths, Figures 4.34(a) and
(b). These precipitates have a Widmanstätten form and are likely to have precipitated
from the martensite during cooling to the simulated interpass temperature of 250°C i.e
they form as a result of autotempering. As these precipitates form rapidly at low
temperatures they are likely to be Fe-rich, probably ∈–carbide Fe2.4C or cementite Fe3C.
However, they are metastable with respect to both Cr- rich and V-rich carbides and redissolve during simulated PWHT, being replaced by M23C6 and MC type carbides that
precipitate from ferrite, particularly along lath boundaries, Figures 4.34(a’) and (b’) and
Figure 4.37.
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In general, the microstructures of the Gleeble simulated samples showed that increasing
the peak temperature increased the extent of carbide dissolution as well as increasing the
homogeneity and grain size of austenite.

Figure 5.1 compares the optical microstructures of the simulated HAZ sub-zones after
PWHT for the two heat inputs 1.6 and 2.6 kJ/mm. The microstructures formed in the
two cases are very similar despite the higher cooling time for the 2.6 kJ/mm simulation.

Carbon extraction replicas of the simulated HAZ structures for the heat inputs 1.6
kJ/mm (Figures 4.32 to 4.34) and 2.6 kJ/mm (Figures 4.42 to 4.44) showed the
dominant presence of relatively coarse particles of M23C6 type carbides, as well as a
lower volume fraction of fine MX carbo-nitrides (M=V, Nb and X=C, N), both before
and after PWHT. Many carbide particles were analysed by EDS of extraction replicas to
determine the relative concentrations of substitutional elements. Since the alloy is
complex and multi-component, the elements were paired into three components: V + Nb
(V equivalent); Cr + Mo (Cr equivalent) and Fe + Mn (Fe equivalent). The elements in
each of these pairs have similar carbide forming tendencies and are commonly
associated in the types of carbides observed in this steel. Figure 5.2 shows relative
contents of the paired components: V + Nb; Cr + Mo and Fe + Mn, present in carbides
of as received P91 (normalised condition) and simulated HAZ structures both before
and after PWHT (1.6 and 2.6 kJ/mm). The ternary diagram (Figure 5.2) shows that
most of the carbide particles in the ICHAZ, GRHAZ and GCHAZ structures consisted
of M23C6 type carbides and MX type carbides, both before and after PWHT. An
exception was the GCHAZ before PWHT which contained of M3C or M2C type
carbides. The as received plate also showed the two main groups of carbides: Cr-Morich, M23C6 type and V-Nb-rich, MX.

Some carbides were measured that defied

classification into these two main types (see Figure 5.2) and it has been established that
other carbides/nitrides can form, such as Z phase (Cr (Nb,V)N) and Laves phase
(Fe2Mo), particularly after extended exposure at service temperatures (Sawada, K., et
al., 2006; Homolovà, V., et al., 2003; Sklenicka, V, et al., 2003).

Chemical

compositions of extracted particles from the sub-zones of the HAZ for HI of 1.6 kJ/mm
and 2.6 kJ/mm are listed in Tables C2 and C3, Appendix C.
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(a)

(a’)

(b)

(b’)

(c)
Figure 5.1: Comparisons of microstructures of simulated HAZ sub-zones followed
by PWHT for HI of 1.6 kJ/mm: (a) ICHAZ, (b) GRHAZ, (c) GCHAZ; and for HI of 2.6
kJ/mm: (a’) ICHAZ, (b’) GRHAZ, (c’) GCHAZ. Marker is 10µm

(c’)

210

V, Nb

(MX)
As Received P91 steel

Simulated HAZ structures
1.6/2.6 kJ/mm
Simulated HAZ structures
1.6/2.6 kJ/mm after PWHT

Cr, Mo

Fe, Mn
(M23 C6)

Figure 5.2:

(M3C)
(M2C)

Relative contents of V + Nb; Cr + Mo and Fe + Mn in carbides observed

in as received P91 (normalised condition); and a Gleeble simulated HAZ sub-zones
before and after PWHT (1.6 and 2.6 kJ/mm).
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In M23C6 some of the Cr atoms are typically replaced by Fe and other alloying elements
(Schaffernak et al., 1998; Strang, 1998). The coarse and fine carbides observed in the
present work are similar to those found in high Cr-ferritic steel by Hald (1995). MX is a
fcc structure that includes carbides and nitrides: VN, VC, NbN and NbC. Some of the
N atoms in VN and C atoms in NbC can be replaced by C and N, respectively, to form
carbo-nitrides.

It is very hard to judge whether V-Nb rich MX precipitates are

isomorphous compounds or consist of very fine nuclei of Nb (C, N) and secondary
precipitates of VN adhering to the Nb(C, N), (Yamada et al., 2001).
M23C6 is frequently observed in the form of relatively coarse carbide particles, which are
less effective than finer particles in hindering creep deformation.

Delaying its

precipitation would have the effect of stabilising the finer dispersions of M2X or MX
precipitates to longer times with a possible enhancement of creep strength (Bhadeshia,
1998).

Tamura et al. (2004) found that the re-dissolution of MX type particles can involve the
annihilation of dislocations and at the same time precipitation of MX type particles can
occur on dislocations. Pinning of dislocations by the MX precipitates can produce a
quasi-equilibrated state that is maintained for a period of time. However, local climb of
dislocations can allow unlocking of the pinned dislocations. The MX type particles
become thermodynamically unstable, resulting in their re-dissolution.

During re-

dissolution of MX type particles, tempered lath martensitic structures transform into
ferritic sub-grains. Finally, MX type particles are re-precipitated within sub-grains and
on sub-grain boundaries.
Particle coarsening is also one of the most important degradation processes for creep
resistant steel (Hald and Korcakova, 2003).
Transmission electron microscopical (TEM) microscopy of as received P91 confirmed
the presence of tempered martensitic lath structure and a high dislocation density, see
Figure 4.3 (a) and (b). Similar structures were reported by Ennis (2000). Carbide
occurred at grain boundaries and also at sub-grain boundaries, see Figure 4.3 (c) and
(d). Carbide precipitates also occurred on dislocations, Figure 4.3 (e). The simulated
sub-zones for both heat inputs showed a similar structure to as received P91, following
PWHT. Figures 4.35 and 4.45 of the simulated ICHAZ after PWHT show a ferritic
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matrix with sub-grain formation, coarse carbides at boundaries and within grains. No
remnant lath martensitic structure was evident in the ICHAZ samples, as discuss
previously. In general, the dislocation density was lower in the ICHAZ samples because
heating to 868ºC and then 760ºC during PWHT resulted in significant dislocation
recovery.

The simulated GRHAZ after PWHT at heat inputs of 1.6 and 2.6 kJ/mm shows a ferrite
structure containing sub-grains and very coarse globular carbides at grain boundaries
and within grain/sub-grain interiors, Figures 4.36 and 4.46. The ferrite structure was
more equiaxed than for as received material. The electron microscopical microstructure
of the ICHAZ and GRHAZ sub-zones after PWHT is similar to that found for a peak
temperature between AC1 and AC3 by Prader et al. (1995). The presence of coarse M23C6
carbides and the relative absence of any secondary precipitation of fine MX during
tempering and creep exposure have been identified as the major reason for the relatively
poor creep response of the ICHAZ and GRHAZ (Spigarelli, S. et al., 2002; Cerjak, H. et
al., 1998; Okamura, H. et al., 1999; Otogura, Y. et al., 2000).

The simulated GCHAZ after PWHT at heat inputs of 1.6 and 2.6 kJ/mm shows remnant
martensitic lath structure, coarse carbides and fine carbides at grain boundaries and
within grains, high dislocation density and some fine carbide precipitates formed on
dislocations, Figures 4.37 and 4.47. An obvious difference from simulated IC and
GRHAZ structures is more elongated particles. The high peak temperature results in
complete solution of carbides, followed by its re-precipitation on the martensite
structure produced on cooling, particularly after PWHT. Therefore precipitation occurs
extensively on structural heterogeneities introduced by martensitic transformation,
effectively pinning lath and sub-grain boundaries. In addition, more carbide is available
for precipitation of fine coherent MX precipitates within the ferrite matrix.
The TEM results for the simulated ICHAZ, GRHAZ and GCHAZ sub-zones and the as
received material are consistent with the structures found in actual welds studied by
Watanabe et al. (2006).
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Figures 4.38 to 4.40 show the hardness profiles for simulated sub-zones with and
without PWHT corresponding to a heat input of 1.6 kJ/mm. Figures 4.48 to 4.50 show
the hardness profiles for simulated sub-zones with and without PWHT corresponding to
a heat input of 2.6 kJ/mm. These graphs indicate the width of the central constant
temperature zone for the Gleeble simulation treatments. In addition, the strong effect of
the simulated PWHT on hardness is clearly evident.

Figure 5.3 shows the maximum hardness as a function of peak temperature for as
simulated ICHAZ, GRHAZ and GCHAZ, with and without simulated PWHT,
corresponding to heat inputs of 1.6 and 2.6 kJ/mm. The maximum hardness values
derived from the hardness profiles in Figures 4.38 to 4.40 and Figures 4.48 to 4.50
show that the heat input had little effect on peak hardness of the sub-zones either before
or after PWHT. The figure also shows how significantly PWHT lowers the hardness
gradient of the HAZ. After PWHT, a softened zone of about 15 HV0.5 lower than that
of the as received P91 steel was found at the peak temperature of 868ºC. Similar results
were reported by Kojima et al., (1995) and Haneda et al., (1987). This observation is
consistent with the generally poor creep resistance of the simulated IC and GR subzones, Table 4.2.

The superior creep resistance of the simulated GC sub-zone is

demonstrated by Figures 4.74(c) and 4.75(c) which show creep failure in the IC/GR
shoulder region of the sample, rather than in the more highly stressed, notched central
GC region. The hardness values of the simulated sub-zones after PWHT (Figure 5.3)
are consistent with the average values measured in actual welds (Figure 4.11).
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Figure 5.3: Maximum hardness of ICHAZ, GRHAZ and GCHAZ sub-zones for
simulated heat inputs of 1.6 and 2.6 kJ/mm.

5.5

COMPARISON OF SIMULATED AND ACTUAL
HAZ STRUCTURES AFTER PWHT

The effectiveness of the simulation treatments can be gauged by the similarity between
microstructures and hardness of each simulated sub-zones and the corresponding region
of the actual weld.

Consistency of hardness values has been demonstrated in the

previous section and by Table 5.2. The similarity of the microstructures is demostrated
by Figure 5.4. The corresponding sub-zones (actual and simulated) show essentially the
same structures and prior austenite grain sizes.
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Actual Weld

Dilatometer Simulation

Gleeble Simulation

IC

GR

GC

Figure 5.4:

Comparison of simulated and actual weld structures of P91 steel

corresponding to a HI of 1.6 kJ/mm, after PWHT. Marker is 10µm.
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5.6

CREEP TESTING

5.6.1

Creep Tests

5.6.1.1

As Received P91 steel

Creep testing of as received P91 steel was carried out at temperatures of 630ºC, 650ºC,
660ºC and 670ºC at 80 MPa and 100 MPa. These test pieces were un-notched. Two
additional samples were tested in the notched condition at 80 MPa and 100 MPa at a
single temperature, 630ºC. For simulated HAZ sub-zones structures, corresponding to
heat inputs of 1.6 and 2.6 kJ/mm, creep testing was conducted on notched samples at a
temperature of 630ºC and for a stress of 100 MPa. The selection of a notched test piece
was based on the assessment that the tri-axial stress state generated by the notch is
considered to more closely replicate service conditions than uni-axial tension (Tabuchi
et al., 2003; Wasmer et al., 2002).

For as received P91 steel and test temperatures of 630ºC, 650ºC, 660ºC and 670ºC at 80
MPa, the fracture times were 5000 h, 927 h, 248 h and 126 h, respectively. The results
also indicate that as test temperature increased (630ºC to 670ºC), for a creep stress of 80
MPa, the creep ductility increased: elongation 17 to 33 %; and RA 56 to 92 %, Table
4.1. The creep ductility results for un-notched AR samples tested at 80 MPa are plotted
in Figure 5.5 as a function of time to fracture, tF. For the highest test temperature, tF
was only about 100 hr, and the creep ductility was very high.

The creep curves

corresponding to Figure 5.5 are given in Figure 5.7. The existence of a pronounced
secondary creep stage (for the 630ºC test) correlates with the lowest creep ductility and
the longest time to fracture tF.

For 100 MPa and the same test temperatures the fracture times were 566 h, 200 h, 94 h
and 47 h, respectively. The results also show high creep ductility: elongation between
28 and 31%; RA between 90 and 92 %, see Table 4.1, but with relatively small
temperature sensitivity. The creep ductility results for the 100 MPa tests are plotted in
Figure 5.6. The consistently high RA values for all test temperatures, together with the
pronounced necking, and low times to fracture indicate that a stress of 100 MPa is too
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high in relation to the inherent creep resistance of the alloy for the temperature range
tested. Creep limiting mechanisms are overcome by the high stress at all of the test
temperatures (630ºC to 670ºC), leading to significant plastic flow and rapid creep
fracture. The rate of plastic flow is temperature sensitive as shown by Figure 5.8, but
the ultimate creep ductility at failure is similar at all temperature, Figure 5.6.
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100

T f, hr

1000

10
10000

Creep ductility at 80 MPa for un-notched AR samples as a function of

time to creep failure.
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Creep ductility at 100 MPa for un-notched AR samples as a function of

time to creep failure.

Creep failure times were significantly higher for a stress of 80 MPa, Figure 4.51, and at
a given test temperature the creep times were typically ~3 to 9X higher for 80 MPa
compared to 100 MPa, Table 4.1.
Notched creep samples gave increased creep failure times compared to un-notched
samples and Table 5.1 records creep data for corresponding notched and un-notched
samples of as received P91 steel.

5.6.1.2

Activation Energy for Steady State Creep

Figures 5.7 and 5.8 show the extension vs time plot for AR P91 steel at various creep
temperatures and stresses of 100 MPa and 80 MPa respectively. Figure 5.9 shows a
plot the natural logarithm of the steady state (minimum) strain rate in the secondary
stage and reciprocal temperature [ln έss(s-1) vs (1/T)] for the two stress levels. The
gradient of this plot is (Qc/R), where Qc is the activation energy for creep and R is the
universal gas constant (8.31 Jmol-1K-1).
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As discussed in Section 2.4.2, the secondary creep rate increases exponentially with
temperature (Evans and Wilshire, 1993, pp 21) and can be described by
έs ∝ exp – (Qc/RT)

(Equation 16)

The activation energies Qc calculated by (equation 16) at stresses of 100 MPa and 80
MPa were 504 kJmol-1 and 720 kJmol-1, respectively. The activation energy values in
this present work are similar to those found by Wilshire et al., 2007.
Figure 5.10 is a plot of natural logarithms of steady state strain rate and stress [ln έss(s-1)
vs ln σ]. The slope of the curve gives the stress exponent based on the power law
equation:
έs = A σn exp – (Qc/RT)

(Equation 19)

where A and n are constant at a given temperature, σ is the applied stress and Q
represents the apparent activation energy.

The stress exponent n, calculated from equation 19 at the temperatures of 903K (630ºC),
933K (660ºC) and 943K (670ºC) were 11, 6 and 5 respectively. It should be noted that
these exponents are based only on two stress levels and therefore are likely to be of
limited accuracy.
Nevertheless, the calculated n and Qc values in the present work agree with values
reported for P91 steel by Spigarelli et al. The n value decreased from n ∼ 11 to n ∼ 5
with increasing temperature from 630ºC to 670ºC (Figure 5.10) and two Qc values were
determined: Qc 504 kJ/mol for 100 MPa and 720 kJ/mol for 80 MPa (Figure 5.9).
Spigarelli et al., found that a decrease from n ≅ 14 to n ≅ 9 occurs with increasing
temperature in the range from 575ºC to 650ºC.

Wilshire et al., 2007 also observed that a decrease from n =16 to n =5 occurs with
increasing temperature, with Qc ranging from 680 to over 800 kJ/mol. These “variable
constants” are widely explained by assuming that different creep mechanisms become
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dominant in different stress/temperature regimes. However, the mechanisms involved
are not well understood. Since Qc is a measure of the activation energy barrier to creep
strain and the fundamental process controlling this strain is dislocation motion, Qc is
likely to relate to the effectiveness of the barriers impeding dislocation movement ie the
density of dislocation barriers, fine precipitates, grain and sub-grain boundaries and
strain fields due to solute atoms. It is usually assumed that these barriers are effective in
alloys designed for creep resistance and that thermally activated dislocation climb is
necessary to by-pass the barriers. However, measured values of Qc in P91 are much
higher than activation energy for self-diffusion of Fe atoms in dilute Fe alloys. Since
atomic diffusion is the necessary unit process required to effect climb, the structural
barriers discussed earlier must impede diffusion-based climb and impose a higher
energy barrier than that of self-diffusion in the relative absence of barriers. The lower
value Qc for the higher stress can be attributed to the higher driving force for dislocation
motion under the imposed creep conditions.
The variability of Qc with stress and n with temperature casts some doubts on the
validity of accelerated creep testing at higher temperatures and stresses than those
normally prevailing in service, for predicting creep performance under typical service
conditions.
Gianfrancesco et al., 2001 also observed differences in n and Qc values and claimed that
they can arise from the different dislocation processes operating at high and low
stresses. In the high stress region, dislocations can bow to overcome particle obstacles
by the Orowan (dislocation bowing) mechanism, while at low stress a climb mechanism
is predominant.
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Extension versus time plot for AR steel for various creep test

temperatures and a stress of 80 MPa. Note: the creep curve for 650°C was not recorded.
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5.6.1.3

Comparison of AR P91 Creep Results with Published Data

The creep data obtained for AR P91 are compared to publish data in Figures 5.11(a)
and 5.11(b).
The results for testing at 650˚C are on the low side of the curve published by Abe et al.,
2004 (Figure 5.11(a)), whereas they fall within the scatter of the results presented in
Figure 5.1 (b) by Cipolla et al., 2007. The present data are plotted as crosses for 100
MPa and filled circles for 80 MPa for the temperature range 630˚C to 670˚C. The lower
two curves of Figure 5.11 (b) represent 700
˚C and 650˚C and the current results for t

F

plot between these two curves. The 650˚C data are arrowed and lie on the lower side of
the curve, but within the scatter band of the data. Minor variations in composition,
normalising treatment and amount and size distribution of non-metallic inclusions are
likely to contribute to this scatter.

The cross-weld creep results of Francis et al., (2005) for the steel investigated in this
work were mainly obtained at stress of 93 MPa, for a constant test temperature of
620˚C. They found that tF varied weakly with HI and strongly with weld angle. Two
results were obtained at 81 MPa and direct comparison with the 80 MPa data for the AR
sample tested in the current work is therefore possible. Their cross-weld results of 2514
and 2839 h are significantly lower that the 5000 h result obtained for the AR condition
at the higher temperature of 630
˚C. This outc ome is consistent with other published
data which are summarised schematically (Allen, D., 2007) in Figure 5.12.

Francis et al. reported the interesting result that creep resistance was significantly higher
(tF = 3027 h, 93 MPa, 620˚C) for alignment of th e fusion boundary perpendicular to the
stress axis. The other angles, 15̊ and 45˚ to the transverse direction resulted in much
lower values for tF under the same stress conditions (93 MPa, 620
˚C). For a constant
15˚ angle variation in HI from 0.8 to 2.4 kJ/mm had only a minor effect on tF (10001265 h), refer to Table 5.1.

224

(a)

(b)
Figure 5.11: (a) Creep rupture data for 9%Cr steel at 650ºC (after Abe, F., et al.,
2004). (b) Creep rupture properties of Grade 91 steel (after Cipolla et al., 2007).
Present results are shown as filled circles.
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Figure 5.12: Schematic diagram showing the difference in creep strength of parent
P91 and cross-weld samples (Type IV fracture) at temperatures of 600ºC and 650ºC
(after Allen, D., 2007).

5.6.1.4

Notched and Un-notched Creep Test Samples

Additional creep tests for notched samples were conducted on as received P91 steel at a
test temperature of 630ºC and both 80 MPa and 100 MPa. The results showed that
notching significantly extends creep life, see Table 5.3 and Figure 4.73. The notched
sample tested at 630ºC and 80 MPa did not rupture after lengthy creep testing. The
notched sample tested at 630ºC and 100 MPa fractured after 2988 h with a reduction in
area (RA) of 3%. In comparison the corresponding un-notched sample fractured in 566
h with a reduction in area of 31%. Although the cross-sectional area at the notch root
was the same as that for un-notched samples (and the nominal tensile stress was the
same), the notch increased the creep resistance because the applied stress produces a
triaxial stress state in the notch region, which inhibits creep strain.

The notched

configuration also localises creep strain and so the elongation at failure would be
expected to be lower than un-notched samples.
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Table 5.3:

Effect of notched samples on creep life of as received P91 steel.

Test

Stress

Temperature

Time

Reduction

Elongation

Number

(MPa)

(°C)

(hr)

in Area

(%)

(%)
1

80

630°C

5000

56

17

1*

80

630°C

1508#

-

-

5

100

630°C

566

90

31

5*

100

630°C

2988

34

3

Noted:
* indicates a multi-axial (notched) test piece.
# indicates that the test piece did not rupture.

5.6.1.5

Simulated sub-zones

The simulated IC and GR creep test samples for heat inputs of 1.6 kJ/mm and 2.6
kJ/mm failed in the centre of the notch, Figures 4.74 (a) and (b) and 4.75 (a) and (b).
For simulated GCHAZ structures corresponding to heat inputs of 1.6 and 2.6 kJ/mm
failure occurred after long creep times, but not in the notched region, (refer to Table
4.2). The simulated GCHAZ samples fractured outside the notch at a position beyond
the constant temperature zone established during simulation. Failure occurred in a
region of GR/ICHAZ structure, refer to Figures 4.74 (c) and 4.75 (c).
The times to fracture for simulated GCHAZ samples based on heat inputs of 1.6 and 2.6
kJ/mm were 4500 h and 5418 h, respectively (Tables 5.3 and 5.4). It is emphasised that
these values are not true fracture times for the GCHAZ; failure occurred at lower stress
in the susceptible IC/GR region remote from the notch. Therefore, the failure times for
the GCHAZ are conservative and the creep ductility values are likely to be excessive.
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The time to fracture for the ICHAZ test piece (1.6 kJ/mm) was 1843 h, and for 2.6
kJ/mm was 215 h. The times to fracture for the GRHAZ were similar for both heat
inputs (89 h, 1.6 kJ/mm; 64 h, 2.6 kJ/mm). The creep ductility data from Table 5.4 for
the IC and GR samples are plotted in Figure 5.13 as a function of creep failure time.
The GRHAZ samples exhibited higher creep ductilities than ICHAZ samples. Both heat
inputs were showed similar creep ductilities (elongation and RA) as well as fracture
times, for the GRHAZ samples.
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Figure 5.13: Creep ductility at 100 MPa for notched simulated IC and GR samples
(1.6 and 2.6 kJ/mm) as a function of creep failure time. In each case failure occurred in
the notched region.

Again, high creep ductility was associated with poor creep performance (low value of tF)

5.6.2 General Characteristics of Fractured Creep Samples
The fracture surfaces of as received P91 steel after creep testing at temperatures from
630°C to 670°C, for both 80 and 100 MPa, were generally similar, with deep voids and
plastic flow.

Cross-sections confirmed the serrated nature of the fracture surface,
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corresponding to deep pits parallel to the axis of the test piece (Figures 4.55 (a), 4.56
(a) 4.57 (b), 4.58 (a), 4.59 (b), 4.60 (a) and 4.62 (a)).
The fracture characteristics of the simulated sub-zones for both heat inputs can be
classified into one or two types- those showing extensive plastic flow and ferrite grain
elongation adjacent to the fracture surface and those exhibiting limited plastic flow. The
first group included the simulated GRHAZ for both heat inputs, and the ICHAZ subzone for the 2.6 kJ/mm HI. The second group included the simulated GCHAZ for both
heat inputs, which failed in the un-notched GR/IC region; and the IC sample for 1.6
kJ/mm. All of these creep test samples were notched. The un-notched as received
samples all showed fracture characteristics similar to the first group i.e. significant
plastic deformation (necking) and grain elongation on either side of the fracture surface
(Figures 4.52, 4.53 and 4.55 to 4.62). This distinction in creep behaviour is discussed
in more detail in 5.6.3.4.

The fractured as received creep test samples (group 1) showed pronounced work
hardening associated with the elongation of grains in the necked fracture region (see
Figures 4.71 and 4.72). At a distance of about 5 to 10 mm from the fracture surface the
creep test piece was significantly softened by the creep test conditions. A typical
hardness profile is shown in Figure 5.12; work or strain hardening is evident adjacent to
the fracture surface, as well as strain softening region more remote from the fracture
zone.
The strain softening region exists between the fracture region and the relatively
unstrained shank. A possible origin of the low hardness region is enhanced particle
coarsening by local “sweeping” by dislocations which promote coarsening by pipeline
or (dislocation core) diffusion whilst the particles temporarily pin the dislocations. As
the particles coarsen, dislocation flow becomes easier and dislocation recovery is
enhanced. However, as rapid necking occurs prior to fracture, strain hardening recurs
locally, leading to the elevated hardness shown in Figure 5.14.
SEM investigations by other researchers of simulated sub-zone samples after creep
testing of as received P91 showed ductile rupture and creep voids formed at grain
boundaries (Lother Engel et al., 1981; Bradley, D. et al., 1987; Derek, H., 1999).
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Figure 5.14: Strain hardening and strain softening regions of fractured creep samples
of the AR P91 steel.

5.6.3

Microstructural analysis of Fractured Creep samples and
hardness testing

5.6.3.1

As Received (AR): 80 and 100 MPa Stress

Fractured AR creep samples (un-notched) at test temperatures of 630°C, 650°C, 660°C
and 670°C, and both 80 and 100 MPa, showed pronounced necking and structural
elongation. The fracture surface was serrated with the axis of the serrations parallel to
the tensile axis. In the vicinity of the fracture surface, the creep cavities (pores) were
elongated along the stress axis. “Circumferential” cracks were often present around
inclusions e.g. Figures 4.56 (d), 4.57 (c) and (e). Mismatch in plasticity between the
matrix and the inclusions probably leads to intensive localised deformation and
boundary creep cracking. A good example of the effect is shown in Figure 4.61(e) for a
sample tested at 100 MPa and 660°C. The creep cracking progressively develops into
cavities by condensation of vacancies on the crack surfaces (Figure 4.58 (c). The
orientation of the cracks and the elongated cavities indicate that the shape of these
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features was modified by the severe plastic strain that occurred in the necked region
prior to failure.
SEM micrographs of the fracture surfaces of AR samples were in some cases masked by
oxidation in the form of a platelet structure that formed after fracture due to ingress of
air into the creep rig. Although testing was conducted under the protection of Ar,
oxidation still occurred for the sample tested at 630°C/ 80 MPa (Figure 4.63).
Oxidation of the fracture surface also occurred for the following simulated samples:
IC/ 1.6 kJ/mm/ 630°C/ 100 MPa (Figure 4.86)
GC/ 1.6 kJ/mm/ 630°C/ 100 MPa (Figure 4.88)

The fracture surface for AR material tested at 650°C/ 80 MPa (Figure 4.64) showed a
series of deep pits linked by regions containing circular steps (terraces) that are likely to
be due to plastic flow during sequential crack extension in the final fracture surface.
The high magnification fractograph Figure 4.64 (d) shows small particles on the surface
that are consistent in size with the coarse M23C6 particles in the starting material. On a
fine scale, crack growth is likely to include the interfaces between particles (frequently
located at grain and sub-grain boundaries) and the matrix.

5.6.3.2

Simulated HAZ Structures (1.6 kJ/mm) after creep test at
630°C and 100 MPa

Simulated ICHAZ
Creep testing of the simulated ICHAZ resulted in a time to fracture of 1348 h and a RA
of 49% (Table 5.4). The corresponding sample prepared to simulate 2.6 kJ/mm heat
input showed a much lower time to creep fracture (215 h) and higher creep ductility.
Detailed structural analysis was conducted to try to resolve this marked difference in
creep performance for samples with the same nominal treatment and structure. This
apparently anomalous result is discussed in 5.6.3.4.
Optical examination of the cross-section of the fractured 1.6 kJ/mm creep sample
(Figure 4.76) indicates that the fracture surface is irregular (serrated on both a macro-
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scale and a fine scale). The fine fracture serrations could correspond to sub-grain
boundaries, as indicated by the surfaces of the creep cavities in Figure 4.76(d). The
creep cavities were transverse to the stress axis and were generally not smooth,
consisting of linked convex surfaces, see Figure 4.76(d). The pores appear to be related
to boundaries and show radiating boundary creep cracks, see Figures 4.76(d) and (e).
This treatment did not involve complete re-austenitisation and therefore precipitate
coarsening and enhanced recovery would be expected. It should be noted that all of the
simulated samples that were creep tested were also subjected to a simulated PWHT
which would have served to cause additional precipitation (tempering), to coarsen
existing particles and to progress dislocation recovery. However, the creep life was still
significant and was about half that of AR steel tested under the same conditions
(notched, 100 MPa). The notched AR sample fractured after 2988 h compared with
1348 h for the simulated IC sample. SEM fractographs of the IC sample (Figure 4.86)
were affected by oxidation, but some deep pits and creep cracking along boundaries are
still evident.

Simulated GRHAZ
Creep testing of the simulated GRHAZ sample showed that the time to fracture was 89
h and RA was 82%. The fractured creep sample shows substantial necking (Figure 4.74
(b)).

Both the structure and the pores near the fracture surface are significantly

elongated. The fracture surface is very serrated (finer serrations than for ICHAZ). A
relatively large number of coarse pores are present near the fracture surface (Figure
4.77(a).

Pore formation was usually inclusion-related with the development of

circumferential cracking around inclusions, Figure 4.77(e). This feature is similar to
that observed for creep fractured AR samples. Although the density of creep pores is
relatively large, final fracture seems to be associated with extensive localised plastic
flow due to low hot strength. Figure 4.77(b) shows the significant grain elongation in
the fracture zone.
The SEM fractographs (Figure 4.87) reveal the marked reduction in area in the fracture
zone, as well as a deeply pitted fracture surface. The pits originate from creep cavities
generated during testing which become aligned in the stress axis by plastic flow. In the
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final stages of creep these pits link up by intensive plastic flow and fracture leaving a
series of terraces on the cup shaped surfaces. Some micro-voids are also present in
filaments separating the cups and completed the separation of the two surfaces of the
test piece. Again fine precipitates are scattered on the fracture surface indicating that
the micro-scale creep fracture process is enhanced by crack propagation along
boundaries and interfaces associated with coarsened carbides.
Both the GR and IC simulated samples showed hardness profiles after creep testing that
are similar to that for AR samples (Figure 5.14). Figure 4.92 shows that similar strain
softening and strain hardening phenomena occurred in the simulated GR and IC
samples.

Simulated GCHAZ
Creep testing of simulated GCHAZ showed that the time to fracture was 4572 h and RA
was 8.1%. The creep test piece shows that fracture occurred outside the notch and was
located at one of the two IC/GR shoulder zones where σ < 100 MPa (Figure 4.74(c)).
The fracture zone was characterised by a high pore density and a serrated fracture
surface (Figure 4.78).

The pores have a transverse alignment to the tensile axis,

Figures 4.78(a) and (b). The fractured surface in this case was heavily oxidised (Figure
4.88) and oxide was also present on the surface of some “internal” voids. The other
GR/IC region was slightly necked but was unfractured (Figure 4.80). The largest pores
were in the centre of the neck and some have joined together to form a crack. The voids
and linked voids have a transverse orientation, perpendicular to the tensile stress axis.
The voids are also characterised by fine radiating creep cracks (Figures 4.80(b) to (e))
that appear to follow sub-grain boundaries.

As a result, the pores have irregular

surfaces. Inclusions often act as pore initiation sites e.g. Figures 4.78(e), 4.79 (b) & (d),
4.80(b), (c), (e). In the notched GC zone a low density of fine pores was present
(Figure 4.79(a), again generally in association with inclusions, see Figure 4.80(e).

The hardness of the simulated GCHAZ + PWHT sample (1.6 kJ/mm) after creep testing
at 630ºC and 100 MPa, Figure 4.93 decreased significantly in the fracture area, and in
the matching GR/IC area on the other side of the GC region. The GC region extends

233

over about 10 mm and the relatively steep temperature gradients at the ends of this
region result in the development of GR and IC sub-zones. The hardness values of the
GR/IC and the GC regions after creep testing were 180 HV0.2 and 245 HV0.2,
respectively. As a result of creep test exposure the hardness of the GR/IC region
dropped by 24 HV0.2 and that of the GC region fell by 22 HV0.2 compared to the
hardnesses of the simulated sub-zone regions (Figures 4.38 to 4.40). The decreases in
hardness are associated with progressive dislocation annihilation and sub-grain growth,
as well as particle coarsening, during exposure to the creep conditions.

5.6.3.3

Simulated HAZ Structures (2.6 kJ/mm) after creep test at
630°C and 100 MPa

Simulated ICHAZ
Creep testing of the simulated ICHAZ produced a time to fracture of 120 h and the RA
was 75%.

Optical examination of the cross-section of the fractured creep sample

showed significant necking with elongated structure and a high density of elongated
pores, Figure 4.81(a).

Oxide film was also observed on the surface of the creep

specimen but not on the fracture surface. “Circumferential” cracking without evidence
of a non-metallic inclusion is shown in Figure 4.81(b). This cracking is likely to be
associated with a submerged inclusion or one removed by sectioning and polishing. A
deeply serrated fracture surface is evident, Figures 4.81(a) and 4.90, associated with
deep cavities aligned parallel to the tensile axis. The fracture surface is similar to that
for the GR sample (1.6 kJ/mm), Figure 4.87 and AR steel, Figures 4.64, 4.65 and 4.67
to 4.70, for all of which creep ductility was pronounced.

Simulated GRHAZ
Creep testing of the simulated GRHAZ resulted in a time to fracture of 64 h and a RA of
83%. Optical examination of the cross-section of the fractured creep sample showed
significant necking with elongated structure and a high density of elongated pores,
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Figure 4.82. The behaviour and fracture characteristics are very similar to those of the
ICHAZ sample described above.

Simulated GCHAZ
Creep testing of the simulated GCHAZ revealed a time to fracture of 5148 h and a
relatively low RA of 27%. The creep sample fractured outside the notched region, being
located at one of the two IC/GR shoulder zones. The creep cavities in the fracture zone
were aligned transverse to the tensile stress axis. Oxide was observed on the surface of
the test piece. The pores were irregular in shape and were often related to inclusions.
Creep cracking radiated away from the central pore, extending along sub-grain
boundaries, Figure 4.83.

The other GR/IC neck region (un-fractured) was also

substantially cavitated, Figure 4.85. The largest cavities were located in the centre of
the necked region and some cavities had linked together to form an internal creep crack,
running transverse to the stress axis.
In the un-fractured notched GC zone, a high density of fine inclusion-nucleated pores is
present, Figure 4.84, indicating that some creep damage had occurred but that more
substantial damage simultaneously developed in both of the IC/GR shoulder regions,
despite the significantly lower stress. The hardness decreased steeply in both IC/GR
shoulder zones, Figure 4.95, consistent with substantial degradation of the creep
resistance in these regions by accelerated coarsening of carbide particles and by
dislocation recovery.

The fracture surface was more planar than those of samples that fractured with high %
RA. Deep serrations were not present, Figure 4.83(a), and the SEM micrographs of the
fracture surface showed more planar fracture facets with multiple intergrain cracks,
Figure 4.91. Coarse particles are present on the fracture surface, consistent with the
relatively advanced creep degradation in this region. Although the hardness dropped to
about 175HV in the IC/GR shoulder regions (Figure 4.93), the GC region maintained a
relatively high hardness (~240HV).
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In contrast, the IC and GR samples showed rehardening adjacent to the fracture surface
because of strain hardening prior to fracture due to high strain rate plastic deformation,
Figure 4.92. As for the 1.6 kJ/mm samples, the GRHAZ showed more substantial work
hardening adjacent to the fracture surface than the ICHAZ (see Figures 4.92 and 4.94).
This trend correlates with the higher creep ductility of the GRHAZ samples and the
lower creep fracture times. Extensive plastic flow occurs prior to final fracture, without
simultaneous recovery, leading to a sharp increase in hardness.

5.6.3.4

Comparison of creep properties of simulated sub-zones

Creep test results for simulated sub-zones structures showed that the tF and RA of the
simulated GRHAZ were similar for both low heat input (LHI, 1.6 kJ/mm) and high heat
input (HHI, 2.6 kJ/mm) simulations: 89 h and 64 h, and 82% and 83%, respectively. In
addition, tF and RA of the simulated GCHAZ were also similar for both heat inputs
4572 h (1.6 kJ/mm) and 5148 h (2.6 kJ/mm). However, the simulated ICHAZ results
greatly differed. The time to fracture, tF for a heat input of 1.6 kJ/mm was much higher
than the time to fracture for a heat input of 2.6 kJ/mm, Figures 5.15 and 5.16.

The IC treatment temperature of 868ºC is close to the Ac1 temperature for the steel
measured by dilatometry at a heating rate of 50ºC/s, Figure 4.28. For the heating rate of
170ºC/s used in the Gleeble simulations the Ac1 temperature could be higher than 868ºC
so that it is possible that little if any re-austenisation occurred. The simulated IC
treatment may in this case simply over-temper the AR structure, resulting in minor
degradation of the creep performance. The 1.6 kJ/mm simulation gave a tF of 1840 h,
compared to 2988 h for the notched AR sample creep tested under the same conditions
(630ºC, 100 MPa). In contrast, tF for the simulated 2.6 kJ/mm sample was 215 h. A and
possible explanation that overshooting of the peak temperature occurred with a longer
effective dwell time because of the slower cooling rate associated with the simulated 2.6
kJ/mm.

The result would be partial re-austenitisation and accompanying grain

refinement and particle coarsening. In this way, the creep resistance could have been
severely degraded.
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Complete or substantial re-austenitisation at a low temperature appears to be the worst
case scenario for creep resistance. The time for creep failure decreased dramatically for
the two GRHAZ samples: 89 hr, RA=82% for 1.6 kJ/mm; and 64 hr, RA=83% for 2.6
kJ/mm.

This re-austenitisation takes place without significant carbide solution,

resulting in a solute depleted austenite with reduced potential to form fine precipitates
on subsequent PWHT. The reduced precipitation and solid solution strengthening,
combined with the high surface area/unit volume of prior γ grain boundaries and coarse
carbide particles, profoundly reduce the creep strength. Fine grain size is generally
considered to be adverse in terms of creep resistance. Not only is the potential for grain
boundary sliding increased, the boundaries provide pathways for rapid diffusion and
coarsening of carbides during PWHT and on exposure to creep conditions.
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Figure 5.15: Creep curves: time to fracture against elongation for each of the
simulated HAZ sub-zones (1.6 kJ/mm). Test temperature, 630ºC; stress, 100 MPa;
notched test pieces. Note:GR sub-zone sample shows essentially no secondary (SS)
creep regime. The tertiary region dominates and the structure is creep “soft”. The GC
and IC sub-zones samples show a secondary regime.
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Figure 5.16: Creep curves: time to fracture against elongation for each of the
simulated HAZ sub-zones (2.6 kJ/mm). Test temperature, 630ºC; stress, 100 MPa;
notched test pieces. Note: Hardly any steady state (secondary) creep regime is evident
for the GR and IC samples. The GR and IC microstructures are unstable with respect to
creep resistance i.e. they are creep “soft”.
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Hardness testing of the simulated GCHAZ + PWHT (2.6 kJ/mm) sample after creep
testing at 630ºC and 100 MPa (Figure 4.94) showed that the hardness decreased, all
sub-zones compared with the corresponding hardness values before creep testing
(Figures 4.48 to 4.50). The hardness values in the GR/IC and GC regions after creep
testing were 181 HV0.2 and 241 HV0.2, respectively. The hardness in the GR/IC region
dropped by 28 HV0.2 and in the GC sub-zone the decrease was by 25 HV0.2. The creep
test conditions therefore resulted in substantial general softening of the simulated
structures. In comparison, the original AR structure remote from the simulated regions
did not soften significantly. It is inferred that the normalise and temper treatment
stabilised the structure, whereas the simulation heat treatments did not optimise the
structure in term of resistance to softening on creep exposure.
Hardness testing of the simulated sub-zone samples after creep testing for both heat
inputs showed that hardness was markedly lower for the ICHAZ, the GRHAZ and the
GR/IC region of the GCHAZ samples (Figures 4.92 and 4.94) compared to the GCHAZ
region. This behaviour is similar to that found by Letofsky et al. (2004).
Types of creep failures were distinguished in 5.6.2 as those showing limited
macroscopic plastic flow and those that exhibited significant macroscopic plasticity. A
more precise classification can be made on the basis of analysis of microstructure and
the form of creep curve. The simulated sub-zone samples revealed two distinct macromorphologies for the creep fractured samples.

Mode 1 showed extensive necking

(≥75%) with elongated voids, elongated ferrite grains and sub-grains and a creep
fracture time ≤ 130 h. The associated creep curves showed little or no secondary (steady
state) stage (Figures 5.15 and 5.16). In contrast, Mode 2 was characterised by moderate
necking (≤50%) with equiaxed, transversely aligned voids and a fracture time ≥ 1800 h.
The creep curves were characterised by a significant secondary or steady state regime
before the onset of tertiary creep (Figures 5.15 and 5.16). As a result, extensive
cavitation can occur prior to the final fracture stage, which then occurs by linkage of
cavities into transverse cracks that produce fracture with a relatively low macroscopic
ductility (low RA and elongation at failure).

Mode 1 reflects a structure with low creep strength (i.e. it is creep “soft”). Void
formation occurs in relatively short times, principally at or adjacent to inclusions. The
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low creep strength results in significant plastic flow in the ferrite and the development
of stress concentrations around the “non-deformable” inclusions, where creep cracking
is initiated and cavitation occurs. As deformation accelerates the necking becomes
pronounced and plastic strain accumulates in association with grain elongation, and realignment and elongation of voids. Re-hardening in the necked region is a consequence
of these structural changes.

The un-notched AR samples also exhibited Mode 1 behaviour particularly at the higher
test temperatures. For example, test numbers 4 (670ºC, 80 MPa), 7 (660ºC, 100 MPa)
and 8 (670ºC, 100 MPa) recorded in Table 4.1, showed Mode 1 behaviour. Mode 2
behaviour was exhibited at low test temperatures for test numbers 1 (630ºC, 80 MPa),
1* (630C, 80 MPa, notched) and 2*(630ºC, 100 MPa, notched). The remaining tests 2,
3, 5 and 6 were characterised by high RA (85-92 %) and intermediate failure times (200
to 927 h). In these cases the structural characteristics were similar to Mode 1, with the
exception that a steady state creep regime was observed, and a significant time elapsed
before the onset of tertiary creep, Figure 5.8. The simulated ICHAZ and GRHAZ
samples exhibited much lower creep resistance than as received P91 steel. However,
the simulated CGHAZ samples showed significantly higher creep strength than as
received P 91 steel, refer to Table 5.4. In fact, the true tF values for the simulated
GCHAZ samples were not established, as prior failure occurred in the IC/GR region.
The creep resistance correlates with the hardness of the structure prior to creep testing
(Figure 5.17) and the relatively high hardness of the GCHAZ, even after PWHT, is
associated with structural features that strengthen the alloy: a high volume fraction of
fine carbide/ nitride precipitates, high dislocation density and a fine stabilised lath and
sub-grain structure.
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Figure 5.17: The creep resistance of simulated HAZ sub-zones plotted against the
hardness of the structure prior to creep testing.
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Table 5.4:

Creep test Results for Simulated Sub-Zone structures and as received P91
(notched samples) at 630ºC and 100 MPa.

Test

Simulated

Number

Heat Input

HAZ

Time

Reduction

Elongation

(hr)

Area (%)

(%)

(kJ/mm)
5*

AR

AR

2988

34

3

9

1.6

IC

1843

49

4

10

1.6

GR

89

82

11

11

1.6

GC

4500

0.25(8.1)**

1.75

12

2.6

IC

215

66

6

13

2.6

GR

64

83

11

14

2.6

GC

5418

0(27)**

5.3

Noted:
* indicates a multi-axial (notched) AR test piece.
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6. CONCLUSIONS
The main conclusions are presented in a similar sequence to that followed in the results
and discussion chapters.

6.1

Actual welding

1)

The widths of the HAZ of actual welds were low compared to structural steels,
<2.8 mm at the highest HI of 2.4 kJ/mm, because of the relatively low thermal
conductivity of P91.

2)

As a result of PWHT a uniform tempered martensite structure exists across the
weldment, making it difficult to distinguished the HAZ sub-zones and the
boundary with the unaffected base plate, other than by comparison of the prior
austenite grain sizes.

3)

The hardness profiles across the HAZ and measurements within the main subzones confirm that softening occurred below the base plate hardness after PWHT
in the IC and GR sub-zones.

4)

The creep fracture times of the cross-weld creep samples were, as expected,
lower than for the parent metal because of Type IV fracture in the weld HAZ.

6.2

Dilatometric Investigations

1)

Simulated normalising did not result in complete solution of alloy carbide, thus
the MS temperature was higher and the hardness lower than for transformation of
homogeneous austenite.

2)

Although P91 has a high hardenability and readily forms martensite, the
properties of the martensite can vary substantially depending on the thermal
cycle associated with austenitisation and subsequent cooling. The MS was found
to vary from 420ºC to 370ºC and hardness from 365 HV to 480 HV.
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3)

The Ac1 and Ac3 temperatures increase with increasing heating rate and affect the
subsequent MS temperature, following a thermal spike to a given peak
temperature; MS was lower for a lower heating rate (and a lower Ac1).

4)

The kinetics of alloy carbide solution are sluggish and for a typical HAZ thermal
cycle a peak temperature of at least 1100ºC is necessary to effect substantial
solution of carbide.

5)

Simulated weld thermal treatments to peak temperatures of 850ºC to 900ºC
showed

limited

carbide

dissolution

and

after

simulated

PWHT the

microstructures and hardnesses were comparable to those of the ICHAZ of actual
welds.

Treatment at 1400ºC showed full alloy carbide solution and, after

simulated PWHT, the microstructure and hardness were similar to those of the
actual weld GCHAZ. Simulation was very effective both structurally and in
terms of hardness.

6)

The hardness after weld thermal cycle simulation to peak temperatures > 850°C
increased from 219 to 441 HV10 with increasing peak temperature because of
increasing carbide dissolution in the austenite and subsequent formation of more
highly alloyed martensite.

7)

Simulated PWHT “normalised” the hardness across the simulated sub-zones,
reducing it to the range 209 to 280 HV10.

8)

The simulated heat treatments confirmed that, after PWHT, the HAZ hardness
falls below that of the base steel in the intercritical and immediately adjacent
GRHAZ.

9)

The hard martensitic structure generated under normal welding conditions
demands careful control of the pre-heat, interpass and intermediate temperatures
and the PWHT conditions to avoid HACC.
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10)

The investigation established that weld thermal cycle simulation using a
dilatometer can closely re-produce the structures and properties typical of the
actual HAZ sub-zones in welded P91 steel.

6.3

Gleeble Simulation and Microstructural Investigations

1)

An excellent correlation was found between the structures and properties of the
actual welds and sub-zones simulated by both the dilatometric and Gleeble
techniques. This correlation held despite a closer match between the actual and
Gleeble thermal cycles compared to the dilatometer cycles.

2)

The effect of simulated heat input (1.6 or 2.6 kJ/mm) on the microstructures
formed at the selected peak temperatures of 868°C, 1008°C and 1367°C was
found to be minor.

3)

For the peak temperature of 1367°C, which is representative of the GCHAZ, full
carbide dissolution and significant austenite grain growth occurred.

4)

Coarse Cr-rich, M23C6 and fine V and Nb-rich MX were present in all simulated
sub-zones before and after PWHT, except for the as simulated GCHAZ in which
carbide solution occurred.

5)

TEM investigation of as received P91 steel showed the presence of tempered lath
martensite with dispersed coarse and fine carbides/nitrides. Coarse carbides
were observed on grain and sub-grain boundaries in simulated GRHAZ + PWHT
and ICHAZ +PWHT samples. Carbide coarsening was associated with low
creep resistance. The hardness was increased as the peak temperature increased
and the decreased significantly after PWHT. The GCHAZ + PWHT samples
showed a more lath-like structure with higher dislocation density and more
uniform precipitation of carbides.
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6.4

Creep Testing

1)

Rapid creep failure of both AR and simulated IC and GR sub-zones occurred for
testing at higher temperatures in the range 630ºC to 670º and at higher stress
(100 MPa compared to 80 MPa). Creep failure was associated with high creep
ductility and the phenomenon of significant rehardening in the region adjacent to
the neck due to rapid work hardening prior to fracture.

2)

The type of creep failure in point (1) has been labelled Mode 1 and is
characterised structurally by grains and creep cavities that are strongly elongated
parallel to the tensile axis.

3)

Creep resistance was more pronounced for the lowest temperature of 630ºC, 80
MPa and for notched samples of AR and the simulated GCHAZ. The type of
creep failure has been labelled Mode 2 and is characterised by low creep ductility
and transversely aligned creep cavities.

4)

For both Mode 1 and Mode 2 failure, non-metallic inclusions were found to play
a significant role in the nucleation of creep cracking and cavities.

5)

The phenomenon of “circumferential” creep cracking around non-metallic was
identified, particularly for Mode 1 failure, and is considered to arise from a high
localised strain gradient due to plastic flow (creep strain) around the coarse rigid
particles.

6)

The creep resistance was most marked for the simulated GCHAZ samples and
this property seems to be strongly related to the hardness (strength) of the P91
steel prior to creep testing.

7)

On the basis of point (6) there may be scope for reducing the tempering
temperature after normalising to produce plate with higher hardness. However,
the GRHAZ will still limit the creep resistance of welded joints.
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8)

The GRHAZ is the most creep susceptible HAZ sub-zone because the thermal
cycle results in carbide coarsening, reduced precipitation and solid solution
strengthening and a high prior γ grain boundary surface area/unit volume. The
last factor promotes grain boundary diffusion, particle coarsening and, possibly,
grain boundary sliding under the creep conditions.

9)

The presence of non-metallic inclusions plays a key role in the nucleation of
creep cracking and cavitation and therefore control of the type, size distribution
and content of inclusions could have a significant effect on the creep life of P91.
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APPENDIX A
Welding Procedure Data

269

Figure A1:

Weld run data for a heat input 0.8 kJ/mm.

270

Figure A2:

Weld run data for a heat input 1.6 kJ/mm.

271

Figure A3:

Weld run data for a input 2.4 kJ/mm.
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(a)

(b)
Figure A4:
measurement.

(a) Joint preparation based on a heat input of 1.6 kJ/mm for thermal cycle
(b)Schematic diagram of thermocouple locations for thermal cycle

measurement in the heat affected zone of heat input 1.6 kJ/mm

273

Figure A5: Weld run data for for weld preparation shown in Figure A4, based on a
heat input 1.6 kJ/mm.
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Figure A6:

Typical weld thermal cycle graph.

Figure A7:

Temperature vs time during PWHT of P91 steel.
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APPENDIX B
Analysis of Dilatometer Curves
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Figure B1:

Typical dilatometer curve of as received P91 steel specimen heated up to

1050ºC at heating rate of 50ºC/s, held for 30 min and then cooled to room temperature at
10ºC/s.
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Figure B2:

dΔ/dT curve from Figure B1 used to determine Ms and Mf temperatures. Δ

is the “strain” dL plotted in Figure B1.
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APPENDIX C
Precipitate Particles Composition Data Determined by
EDS.
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Table C1:

Relative contents of V, Nb; Cr, Mo and Fe, Mn in carbides of as received
P91 steel.

As received (Figure 4.2 (b))
Particle 1
Particle 2
Particle 3
Particle 4
Particle 5
Particle 6
Particle 7

V, Nb
2
78
79
2
85
77

Cr, Mo
69
19
20
71
68
13
19

Fe, Mn
29
3
1
29
30
2
4

Total
100
100
100
100
100
100
100

As received (Figure 4.2(d))
Particle 1
Particle 2
Particle 3
Particle 4
Particle 5
Particle 6
Particle 7

V, Nb
0
3
84
73
2
77
79

Cr, Mo
70
69
14
23
68
21
15

Fe, Mn
30
28
2
4
30
2
6

Total
100
100
100
100
100
100
100
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Table C2:

Relative contents of V, Nb; Cr, Mo and Fe, Mn in carbides of simulated
HAZ structures of P91 steel corresponding to heat input of 1.6 kJ/mm.

Location
SIM IC (Figure 4.32(b))
Particle 1
Particle 2
Particle 3
Particle 4
Particle 5
SIM IC+PWHT (Figure 4.32(b'))
Particle 1
Particle 2
Particle 3
Particle 4
SIM GR (Figure 4.33(b))
Particle 1
Particle 2
Particle 3
Particle 4
SIM GR+PWHT (Figure 4.33(b'))
Particle 1
Particle 2
Particle 3
Particle 4
Particle 5
Particle 6
SIM GC (Figure 4.34(b))
Particle 1
SIM GC+PWHT ((Figure 4.34(b'))
Particle 1
Particle 2
Particle 3
Particle 4

V, Nb
2
1
1
4
1
V, Nb
2
9
88
81
V, Nb
79
84
1
89
V, Nb
75
86
1
76
1
13
V, Nb
1
V, Nb
3
21
36
8

(Wt %)
Cr, Mo
Fe, Mn
71
27
65
34
68
31
67
29
68
31
Cr, Mo
Fe, Mn
67
31
63
28
11
1
18
1
Cr, Mo
Fe, Mn
16
5
15
1
68
31
11
0
Cr, Mo
Fe, Mn
25
0
12
2
72
27
24
0
70
29
64
23
Cr, Mo
Fe, Mn
29
70
Cr, Mo
Fe, Mn
67
30
59
20
46
18
67
25

Total
100
100
100
100
100
Total
100
100
100
100
Total
100
100
100
100
Total
100
100
100
100
100
100
Total
100
Total
100
100
100
100
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Table C3:

Relative contents of V, Nb; Cr, Mo and Fe, Mn in carbides of simulated

HAZ structures of P91 steel corresponding to heat input of 2.6 kJ/mm.
SIM IC (Figure 4.42(b))
Particle 1
Particle 2
SIM IC+PWHT (Figure 4.42(b'))
Particle 1
Particle 2
Particle 3
Particle 4
Particle 5
Particle 6
Particle 7
Particle 8
SIM GR (Figure 4.43(b))
Particle 1
Particle 2
Particle 3
Particle 4
Particle 5
Particle 6
Particle 7
SIM GR+PWHT (Figure 4.43(b'))
Particle 1
Particle 2
Particle 3
SIM GC (Figure 4.44(b))
Particle 1
SIM GC+PWHT (Figure 4.44(b'))
Particle 1
Particle 2
Particle 3
Particle 4
Particle 5
Particle 6
Particle 7

V, Nb
2
75
V, Nb
72
3
1
74
0
62
78
53
V, Nb
46
90
84
1
81
9
1
V, Nb
1
81
83
V, Nb
1
V, Nb
1
1
75
86
1
2
78

Cr, Mo
68
24
Cr, Mo
24
66
70
24
70
36
20
46
Cr, Mo
40
9
16
69
18
65
71
Cr, Mo
67
17
16
Cr, Mo
32
Cr, Mo
71
69
22
13
70
68
20

Fe, Mn
30
1
Fe, Mn
4
31
29
2
30
2
2
1
Fe, Mn
14
1
0
30
1
26
28
Fe, Mn
32
2
1
Fe, Mn
67
Fe, Mn
28
30
3
1
29
30
2

Total
100
100
Total
100
100
100
100
100
100
100
100
Total
100
100
100
100
100
100
100
Total
100
100
100
Total
100
Total
100
100
100
100
100
100
100

